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ABSTRACT
316L stainless steel was manufactured by additive manufacturing (AM), and then, 
the samples were severely deformed by the high-pressure torsion (HPT) tech-
nique. The evolution of the microstructure was monitored by X-ray line profile 
analysis. This method gives the crystallite size and the density of lattice defects, 
such as dislocations and twin faults. The AM-processing of the HPT disks was 
performed in two different modes: the laser beam was parallel or orthogonal to 
the normal direction of the disks. The subsequent HPT deformation was car-
ried out for ½, 1, 5 and 10 turns. The microstructure and hardness evolution 
during HPT were similar regardless of the laser beam direction. For both sam-
ple series, the minimum achievable crystallite size was about 30 nm, while the 
dislocation density and the twin fault probability got saturated at the values of 
300–350 ×  1014  m−2 and 3.5–4%, respectively. The microstructure evolution dur-
ing HPT of the AM-prepared 316L steel was compared with the HPT-induced 
changes in an as-cast counterpart. It was found that while the AM-prepared 316L 
steel remained a single-phase face-centered cubic γ-structure during HPT, in the 
as-cast samples a body-centered cubic (bcc) martensitic α-phase became the main 
phase with increasing the imposed strain of HPT due to the lower Ni content. In 
the saturation state achieved by HPT the initially as-cast 316L steel had a consid-
erably higher hardness (about 6000 MPa) than that for the AM-prepared samples 
(~ 5000 MPa) due to the large fraction of the hard bcc phase formed during HPT.
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Introduction

Materials in the stainless-steel family usually contain 
a high fraction of Cr (17–19 wt%) and Ni (9–12 wt%) 
since the former and latter elements hinder corro-
sion in air- and chloride-containing human body flu-
ids, respectively [1–5]. 316L steel is one of the most 
frequently used members of the stainless-steel fam-
ily, which is often applied as an orthopedic implant 
and structural material in nuclear power plants [4–7]. 
The specialty of the composition of this alloy is the 
relatively high amount of Mo (about 2 wt%) and a 
low concentration of carbon (< 0.03 wt%), which also 
improves the corrosion resistance [2]. The low carbon 
content is indicated by the letter L in the name of the 
alloy. Besides the increase of the corrosion resistance, 
Ni addition has another role: it stabilizes the meta-
stable face-centered cubic (fcc) austenite structure at 
room temperature (RT) even during plastic deforma-
tion, which yields a good ductility of 316L steel [6, 
8]. Thus, the elongation to failure can reach 84% in 
room-temperature tensile testing [9]. With decreasing 
Ni content in stainless steels, a phase transformation 
from austenite to martensite can occur during defor-
mation, which contributes to the strength enhance-
ment besides strain hardening since the martensite 
phase has a hard body-centered (bcc) structure [10, 
11]. Due to the combination of elevated strength, good 
ductility, high fracture toughness, excellent corrosion 
resistance and low absorption rate of neutron radia-
tion, 316L can serve as a structural material in nuclear 
power plants [12].

Additive manufacturing (AM) or 3D-printing of 
metallic materials is an emerging technology that can 
provide three-dimensional parts directly in their final 
shape; therefore, additional machining is not required, 
resulting in a minimization of waste material during 
processing [13]. In most AM methods, the samples are 
built layer by layer using a computer-controlled laser 
beam melting of powder particles [14]. After 3D-print-
ing of metallic components, very often post-process-
ing sintering (e.g., by applying hot isostatic pressing 
[15]) and annealing [16] are applied for reducing the 
remaining porosity and releasing the residual stresses, 
respectively. AM-processing has also been used for 
the production of parts from 316L steel [17–21]. The 
residual stresses [22, 23] the microstructure including 
porosity [24–31], the mechanical performance [22, 25, 
32–46] and the corrosion properties [47–59] of AM-
prepared 316L samples have been extensively studied. 

Concerning the mechanical behavior, uniaxial loading 
[39, 46], fatigue tests [34, 37, 41] and tribology meas-
urements [40, 44] were performed. For instance, the 
effect of the relative orientation between the loading 
axis and the building direction on the tensile perfor-
mance has been revealed [46].

The mechanical performance of metallic materials 
at very high strains can be studied using severe plas-
tic deformation (SPD) techniques [60]. These methods 
apply high hydrostatic stress to suppress cracking dur-
ing deformation, thereby achieving extremely large 
strains without failure of the specimen [61]. The high-
est imposed strain can be achieved by high-pressure 
torsion (HPT) technique: the maximum shear strain 
is usually about 400 or higher at the edge of the HPT-
processed disks processed for large numbers of turns 
[62–64]. Therefore, in strongly alloyed metals, such as 
316L steel, nanocrystallization of the microstructure 
also occurs during HPT performed at RT [65]. HPT 
processing has also been carried out on 3D-printed 
316L stainless steel in order to study the microstruc-
ture evolution at extremely high strains [66]. It was 
found that after 8 turns of HPT the average grain 
size was refined to ~ 60 nm and the grains contained 
numerous twin boundaries with the spacing of few 
nanometers. After HPT, the material remained mainly 
fcc with a marginal fraction of ε-martensite having a 
hexagonal close-packed (hcp) structure. Although 
the dislocation density was also tried to determine 
from the peak breadth, the applied Williamson–Hall 
method is not suitable to obtain a reliable value of the 
density of dislocations since only the evaluation of 
the full XRD line profile is able to give this quantity 
[67–69]. Additionally, due to the low stacking fault 
energy (SFE) of the fcc structure of 316L steel the high 
amount of deformation twins formed during HPT also 
causes peak broadening, which was not considered 
in the applied Williamson–Hall evaluation procedure. 
Thus, a reliable characterization of the evolution of 
the lattice defect density in AM-prepared 316L steel 
samples during HPT deformation is missing from the 
literature.

In this study, the effect of severe plastic defor-
mation (SPD) on the microstructure of 3D-printed 
316L stainless-steel samples was investigated. SPD-
processing was performed by high-pressure torsion 
(HPT) technique, which imposes a superior strain on 
metallic materials compared to other SPD methods. 
The application of HPT on alloys usually results in the 
formation of a nanocrystalline microstructure with an 
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extremely large lattice defect density [65, 70]. A reli-
able characterization of severely deformed nanostruc-
tures can be carried out by X-ray line profile analysis 
(XLPA). This technique can describe the density of 
defects, such as dislocations and twin faults, with bet-
ter statistics than the microscopy methods due to the 
orders of magnitude larger probed volume [68]. Other 
important advantages of XLPA are the non-destructiv-
ity and easy sample preparation. In the present inves-
tigation, AM-processing before HPT was carried out 
in two ways: the building direction during 3D-printing 
was either parallel or orthogonal to the normal vector 
of the HPT disk surface. The average crystallite size, 
the dislocation density and the twin fault probability 
were determined by XLPA for different numbers of 
HPT turns and analyzed as a function of the imposed 
shear strain. The results are compared with the micro-
structure evolution in another 316L steel, which was 
first cast and then processed by HPT under the same 
conditions. This work was motivated by the fact that 
a reliable characterization of the evolution of the lat-
tice defect density in AM-processed 316L steel at high 
plastic strains is missing from the literature, although 
this material is of a great practical importance. The 
knowledge of the evolution of the defect structure 
can help revealing the deformation mechanisms and 
understanding the mechanical behavior of AM-pro-
cessed 316L steel at high strains. Since the lattice defect 
evolution during SPD may be influenced by the direc-
tion of 3D-printing, the study of this effect has also a 
great significance.

Materials and methods

Processing of the samples

The samples were fabricated using Höganäs AM 316L 
stainless-steel powder with particle sizes ranging from 
20 to 53 µm. The TruPrint 1000 (TRUMPF) metal 3D 
printer was employed for the manufacturing pro-
cess. Printing parameters were selected in line with 
the manufacturer recommendations for 316 stainless 
steel. This includes a laser power of 113 W, laser speed 
of 700 mm/s, 20 µm layer thickness, 55 µm laser spot 
diameter, and an 80 µm hatch spacing. These AM-pro-
cessing parameters resulted in an approximate laser 
energy density of 161 J/mm3 [24]. The printing process 
used sequential line scanning with a 90° rotation of the 
scan vector between successive layers. The printing 
process was carried out under an argon (Ar) atmos-
phere with a gas velocity of 2.5 m/s, maintaining the 
oxygen concentration in the chamber below 0.3 at. %.

The cylindrical billets processed by AM were sliced 
by electric discharge machining (EDM) into disks 
with a thickness of ~ 0.85 mm and a diameter of about 
10 mm. Figure 1 shows schematically the relative ori-
entation between the laser beam (or printing) direction 
of AM-processing and the disks cut for HPT. As can 
be seen, the printing direction was either parallel or 
orthogonal to the normal vector of the disks. Then, 
these disks were subjected to HPT processing using a 
facility with quasi-constrained configuration [62]. HPT 
processing was conducted for ½, 1, 5 and 10 turns at 

Figure 1  A schematic 
showing the two orienta-
tions of 3D-printing (i.e., the 
laser beam) lying parallel or 
orthogonal to the normal of 
the disks processed subse-
quently by HPT.



 J Mater Sci

RT under a pressure of 6.0 GPa at a rotational speed 
of 1 rpm.

Microstructure characterization

The microstructure of the studied samples was inves-
tigated by X-ray diffraction (XRD). In the case of the 
HPT-processed disks, XRD measurements were taken 
at both the center and edge parts in order to reveal 
the effect of plastic strain on the microstructure. The 
XRD patterns were taken by a diffractometer with 
 CoKα1 radiation (wavelength: λ = 0.1789 nm). A very 
narrow and parallel X-ray beam was used, which was 
monochromatized with a Ge single-crystal mono-
chromator. The beam had a rectangular shape with a 
dimension of 0.2 × 2  mm2. The scattered X-ray radia-
tion was detected by two-dimensional imaging plates. 
The measurement of a full diffraction pattern took 
3 days. The intensity at a given scattering angle (2θ) 
was obtained by integrating the signal along the cor-
responding Debye–Scherrer ring. The angle difference 
between the neighboring measured points was 0.015°. 
The sample surface before XRD experiments was first 
mechanically polished with 1200, 2500 and 4000 grit 
SiC abrasive papers, and then, the polishing was con-
tinued with a colloidal silica suspension (OP-S) with 
a particle size of 40 nm. Finally, the surface was elec-
tropolished at 28 V and 0.5 A using an electrolyte with 
a composition of 70% ethanol, 20% glycerine and 10% 
perchloric acid (in vol%).

The parameters of the fcc microstructure were 
determined from the XRD patterns by X-ray line pro-
file analysis (XLPA) using the convolutional multiple 
whole profile (CMWP) fitting method [71]. During 
CMWP fitting, the diffraction pattern is fitted by the 
sum of a background spline and the convolution of 
the instrumental pattern and the theoretical line pro-
files related to the parameters of the microstructure, 
namely crystallite size, dislocations and twin faults. In 
the HPT-processed samples, the physical broadening 
of the profiles was much larger than the instrumental 
broadening, and therefore, instrumental correction 
was not applied in the evaluation. The theoretical 
profile functions related to crystallite size, dislocations 
and twin faults are given in Ref. [68]. The following 
microstructure parameters obtained by the CMWP fit-
ting are given in this study: the area-weighted mean 
crystallite size (< x > area), the average dislocation den-
sity (ρ) and the twin fault probability (β). The latter 

quantity corresponds to the fraction of {111} crystal-
lographic planes containing twin faults [72].

The initial AM-prepared samples were also inves-
tigated by electron backscatter diffraction (EBSD) 
using a JEOL-IT700HR-LA Field Emission scanning 
electron microscope (SEM) equipped with an Oxford 
Symmetry S3 EBSD detector. The surface treatment 
before EBSD was the same as for XRD. The applied 
step size was 0.5 µm, and the EBSD images were eval-
uated using Oxford AztecCrystal software. The data-
sets were cleaned by routine wild spike and iterative 
zero solution process (called Auto Clean in the soft-
ware). On the inverse pole figures (IPF) maps, only 
those areas were considered as grains that contain at 
least 10 pixels and are bounded by high-angle grain 
boundaries (HAGBs) with a misorientation angle 
higher than 15°.

Analysis of chemical composition

The chemical composition of the AM-prepared sam-
ples was determined by energy-dispersive X-ray 
spectroscopy (EDS) using an FEI Quanta 3D scanning 
electron microscope (SEM). The uncertainty of the con-
stituent element concentrations was ± 0.1 wt%.

Hardness testing

The microhardness of the AM-prepared samples and 
along the diameter of the HPT-processed disks was 
measured using a Zwick Roell ZHµ hardness tester 
with a Vickers indenter. The experiments were per-
formed at RT using an applied load of 500 g and a 
dwell time of 10 s. The error of the hardness values 
was estimated from five individual measurements 
taken on the initial samples and the edge of the disks 
processed by HPT.

Experimental results

The chemical compositions of the AM-prepared disks 
printed in parallel and orthogonal directions are 
shown in Table 1. The main alloying elements are Cr 
and Ni with concentrations of about 17 and 12 wt%, 
respectively. Significant compositional difference 
between the samples printed in parallel and orthogo-
nal directions was not observed.

The inverse pole figure (IPF) maps taken by EBSD 
on the surfaces of the disks printed in parallel and 
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orthogonal directions are shown in Fig. 2. For the sam-
ples AM-prepared in parallel and orthogonal direc-
tions, the average grain size values obtained from the 
IPF images were 4 and 20 µm, respectively. In the IPF 
map taken on the sample prepared by AM in parallel 
direction, elongated black areas are visible. In these 
regions, the determination of the orientation by EBSD 
was not successful, most probably due to the very 
small grain size. Therefore, a smaller area was studied 
again with a much lower EBSD scan step size (0.1 µm 
instead of 0.5 µm) in Fig. 2b. Despite the significant 
refinement of the EBSD scan, some areas remained 
black, suggesting a nanocrystalline microstructure in 
these regions. It is worth noting that the grain in the 
middle of Fig. 2b contains numerous twin boundaries 
with an average spacing of about 1 µm. In Fig. 2c, the 
elongated grain shape was caused by the 3D-printing, 
i.e., the longer axis of the grains is parallel to the print-
ing direction.

Figure 3 shows an XRD pattern taken after 10 
turns of HPT at the edge of the disk processed by 
3D-printing in the orthogonal direction. The diffrac-
togram reveals that the material has a single-phase 
fcc structure. A similar observation was made for 
both the center and edge parts of the studied disks, 
irrespective of the printing direction and the number 
of HPT turns, and also for the initial AM-prepared 
samples. The stability of the fcc phase during SPD, 

i.e., the lack of martensitic phase transformation 
from fcc γ-phase to bcc α-phase, can be attributed 
to the high (about 12 wt%) Ni content of the pre-
sent 316L stainless steel (see Table 1). Nickel is a 

Table 1  The chemical 
composition of the 316L steel 
samples processed by AM 
and casting (in wt%)

The terms parallel and orthogonal indicate the relative orientation between the building direction and 
the normal of the HPT disk. The uncertainty of the concentration values is ± 0.1 wt%

Fe Cr Ni Si Mo Mn Cu Co

AM, parallel 65.0 16.9 12.4 0.9 2.5 1.5 0.2 0.6
AM, orthogonal 65.1 17.2 12.3 0.8 2.5 1.3 0.2 0.6
As-cast 69.1 17.2 9.0 0.8 2.1 1.0 0.5 0.3

Figure 2  IPF maps obtained by EBSD for the initial AM-prepared disks printed parallel (a, b) or orthogonal (c) to the normal direction 
of the HPT disk.

Figure. 3  X-ray diffractogram obtained at the edge of the disk 
processed by 3D-printing orthogonal to the disk normal and 
subsequently by HPT for 10 turns. The experimental pattern is 
shown by open circles, while the calculated diffractogram fitted 
to the measured pattern is indicated by a red curve. At the bottom 
of the figure, the difference between the measured and calculated 
patterns is shown by a blue curve.
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well-known stabilizer element of the fcc γ-phase [2, 
3].

The average crystallite size, the dislocation density 
and the twin fault probability obtained by XLPA ver-
sus the shear strain imposed during HPT are plotted 
in Fig. 4. The shear strain is determined as [62]:

where r, N and t are the distance from the disk center, 
the number of turns and the thickness of the disk, 
respectively. It should be noted that as the height of 
the X-ray spot on the studied surface was 2 mm with 
a negligible width of 0.2 mm, the measurements taken 
nominally at the center correspond to an r-value of 
0.5 mm, and this value is inserted into Eq. (1). At the 
periphery, the microstructure was investigated at a 
distance of 4 mm from the disk center; therefore, γ 
was also calculated at r = 4 mm using Eq. (1). It should 
also be noticed that Eq. (1) gives only a nominal shear 
strain, which may differ from the real plastic strain. 

(1)� =

2�rN

t

Namely, the stress field of dislocations developed out 
of the disk center induces dislocation motion in the 
center [73], thereby resulting in an induced strain in 
the exact center, even if the nominal strain is zero there 
according to Eq. (1). In addition, before the starting 
of the torsional deformation the samples were loaded 
under 6.0 GPa, resulting in a preliminary compression 
strain of about 20%.

Figure 4a reveals that the crystallite size was about 
180 nm in the initial AM-prepared samples, irrespec-
tive of the 3D-printing direction. The crystallite size 
decreased with increasing shear strain for both print-
ing directions and achieved its minimum value of 
about 30 nm at a nominal shear strain of 4. Between 
the shear strain of 4 and 360, no considerable change 
in the crystallite size was observed. Figure 4b and c 
shows, respectively, that the dislocation density and 
the twin fault probability were enhanced with increas-
ing the shear strain during HPT. The dislocation den-
sity in both 3D-printed specimens before HPT was 
18 ×  1014  m−2, while the twin fault probability was in 

Figure 4  The crystallite size (a), dislocation density (b) and twin fault probability in the disks printed parallel or orthogonal to the disk 
normal as a function of the shear strain induced by HPT.
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the range of 0–0.2%. The dislocation density got satu-
rated at the value of 300–350 ×  1014  m−2, while the max-
imum achievable twin fault probability was 3.5–4%. 
For both defects, the saturation occurred at somewhat 
lower strains for the samples where the laser beam 
was orthogonal to the disk surface normal as shown in 
Fig. 4. For instance, the dislocation density saturated 
at the shear strain of ~ 17 or ~ 35 when the building 
direction is parallel or orthogonal to the disk normal, 
respectively. In the case of the twin fault probability, 
the saturation occurred at the strains of ~ 5 and ~ 30 
for “orthogonal” and “parallel” samples, respectively.

The 111, 200 and 220 pole figures obtained by XRD 
on the samples having surface normal parallel to the 
building direction are shown in Fig. 5. The pole figures 
taken for both the initial (AM-prepared) specimen and 
the disk deformed up to 10 HPT turns are presented 
in order to reveal the texture change during HPT pro-
cessing. The AM-prepared sample has a 220 texture, 
i.e., for most grains, the 220 crystallographic axis is 
parallel to the normal of the disk. This texture has an 
almost fiber nature. A schematic in Fig. 6a shows the 
orientation of the fcc unit cell relative to the disk sur-
face. HPT resulted in a significant change of the tex-
ture: after 10 turns the sample has a 111 fiber texture. 

In the specimen 3D-printed orthogonal to the disk 
surface normal, a nearly 220 texture developed dur-
ing AM-processing as shown in Fig. 7. The inclination 
angle between the surface normal and the 220 crystal-
lographic direction is about 10° and the orientation 
distribution is far from a fiber texture unlike in the 
specimen printed parallel to the disk surface normal. 
The orientation of the fcc unit cell relative to the disk 
surface for this sample is shown in Fig. 6b. However, 
after 10 turns of HPT a 111 fiber texture developed 
in the “orthogonal” sample similar to the “parallel” 
specimen. Thus, HPT diminishes the texture difference 
in the samples 3D-printed in the two directions.

The hardness distribution along the disk diameter 
for the two samples built in different orientations is 
shown in Fig. 8 after ½, 1, 5 and 10 turns of HPT. The 
hardness values for the 3D-printed specimens before 
HPT are also indicated in the graphs. For the AM-pre-
pared samples printed parallel and orthogonal to the 
disk normal, the hardness values were 2500 ± 110 MPa 
and 2340 ± 70 MPa, respectively. The very close ini-
tial hardness values may be caused by similar micro-
structural parameters, such as the dislocation density 
and the grain size. Figure 8 shows that the hardness 
increased due to HPT for both printing directions but 

Figure 5  Pole figures for reflections 111, 200 and 220 obtained for the disk 3D-printed parallel to the disk normal and its counterpart 
additionally HPT-processed for 10 turns.
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Figure 6  Schematic showing the orientation of the unit cell of 
the fcc structure relative to the disk surface for the initial AM-
prepared samples printed parallel (a) and orthogonal (b) to the 
disk normal. The thick curved arrow indicates rotation around the 
220 crystallographic axis. Figure c shows the orientation of the 
four {111} slip planes in the fcc cell presented in (a). In the first 

cell, two {111} planes are shown, which are lying perpendicu-
lar to the shear stress imposed during HPT; therefore, dislocation 
glide is not activated on them. In the second cell, the other two 
{111} slip planes are shown which can serve as glide planes dur-
ing HPT.

Figure 7  Pole figures for reflections 111, 200 and 220 obtained for the disk 3D-printed orthogonal to the disk normal and its counter-
part additionally HPT-processed for 10 turns.
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for low numbers of turns (1/2 and 1) the enhancement 
of the hardness was more pronounced for the printing 
direction orthogonal to the disk normal. This may be 
caused by the higher rate of defect density evolution 
for the latter sample at low shear strains, as revealed in 
Fig. 4. On the other hand, the saturation hardness was 
similar for both printing directions with the value of 
about 5200 MPa, which was observed at the edge part 
of the disks deformed by 10 turns of HPT.

Discussion

Comparison of the microstructure 
and hardness evolution during HPT 
in the disks AM‑prepared in different 
directions

In this study, 316L steel disks were processed for HPT 
by AM applying two different building directions. The 
hardness of the sample printed parallel to the disk 
normal exhibited a higher hardness than that for the 
specimen having a normal vector orthogonal to the 
building direction (see Fig. 8), which can be attrib-
uted to the smaller grain size of the former sample. It 
should be noted that the grain size obtained by EBSD 
usually differs from the crystallite size determined by 
XLPA [68, 71]. Namely, XLPA measures the size of 
subgrains and dislocation cells in severely deformed 
metals and alloys since this method is very sensitive to 
small misorientations (one-tenth of degrees or lower) 
[68]. Therefore, the crystallite size (or coherently scat-
tering domain size) is usually smaller than the grain 

size determined by EBSD as in the latter method the 
misorientation threshold for grain boundaries is 15°. 
On the other hand, in the saturation nanocrystalline 
state achieved by HPT, the crystallite size obtained by 
XLPA is often very close to the grain size determined 
by TEM since when the dimension of grains is only 
tens of nanometers, they have no internal substructure 
with subgrains or cells [69].

Both as-printed samples contained a signifi-
cant density of dislocations with the value of about 
18 ×  1014  m−2. A dislocation density with a similar 
order of magnitude was also detected formerly in a 
316L stainless-steel material cast and then deformed 
by uniaxial tension or compression at RT for the 
strain of 25% [74]. On the other hand, the origin of 
dislocations is different in the deformed and the AM-
prepared samples. In the former case, the dislocations 
developed due to plastic deformation while in the lat-
ter case dislocations are grown-in defects that formed 
in order to reduce the mismatch stresses between the 
misoriented grains nucleated in the laser beam melted 
layer during building of the AM samples. In addition, 
the temperature gradient developed in the specimens 
due to laser heating during AM-processing may cause 
thermal stresses, which can also yield the formation of 
dislocations.

At relatively low strains of HPT processing, the 
defect structure evolution was slightly faster, i.e., the 
dislocation density and the twin fault probability were 
somewhat larger for the “orthogonal” sample than 
in the “parallel” disk. This effect yielded a slightly 
higher hardness for the former disk at shear strains 
not higher than ~ 30 as shown in Fig. 9. The difference 

Figure 8  Hardness versus the distance from the disk center for different numbers of turns obtained on the samples 3D-printed parallel: 
(a) or orthogonal (b) to the disk normal.
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in the dislocation density in the two samples can be 
attributed to the different crystallographic textures 
of the as-printed disks. Namely, due to the 220 fiber 
texture in the “parallel” sample, two {111} planes are 
perpendicular to the shear stress imposed during HPT 
(see the left cell in Fig. 6c); therefore, these planes do 
not serve as glide planes of dislocations at the begin-
ning of HPT processing. On the other hand, the other 
two {111} planes shown in the right cell in Fig. 6c can 
be activated by HPT. For the “orthogonal” sample, the 
220 crystallographic direction is tilted with about 10° 
to the HPT disk normal; therefore, dislocation slip sys-
tems on all four glide planes can be activated. Thus, 
the dislocation density increase at the beginning of 
HPT is somewhat faster for the “orthogonal” sam-
ple, compared to the “parallel” disk. With increasing 
HPT strain, in both sample types a 111 fiber texture 
formed gradually; thus, the saturation values of the 
microstructural parameters obtained by XLPA were 
consistent for the “orthogonal” and “parallel” disks.

Comparison of the HPT‑induced 
microstructure evolution in the present 
AM‑prepared samples and formerly studied 
as‑cast 316L steel specimens

In a former study, the same HPT deformation con-
ditions were applied to another 316L stainless steel 
processed by casting and then annealing at 1100 °C 
for 1 h [11]. Finally, the samples were quenched to 

RT in water to obtain a coarse-grained single-phase 
γ-austenite microstructure before HPT processing. 
HPT deformation resulted in a phase transforma-
tion first to an hcp ε-martensite and finally to a bcc 
α-martensite with increasing strain. On the other 
hand, in the present AM-prepared 316L the single-
phase austenite microstructure remained stable even 
up to the shear strain of about 350. As an example, 
Fig. 10 compares the XRD patterns obtained at the 
edge of the disks processed by 1 turn of HPT from 
the as-cast and the AM-prepared 316L material 
(“parallel” sample). Figure 11 shows the evolution 
of the phase composition for the as-cast steel as a 
function of the shear strain imposed during HPT. 
The fraction of α-phase increased gradually at the 
expense of the fcc γ-austenite. Saturation occurred 
at the shear strain of about 180 when the fractions 
of the bcc and fcc phases were about 70 and 25%, 
respectively. The remaining material was an hcp 
ε-martensite. The lower stability of the fcc phase in 
the as-cast material can be attributed to the lower 
Ni content. Indeed, the AM-prepared and the as-cast 
samples contained 12 and 9 wt% Ni, respectively. 
Former investigations have shown that Ni plays an 
important role in the stabilization of austenite struc-
ture in 316L steel [2, 3], which explains the resistance 
of the AM-prepared samples against phase transfor-
mation during HPT.

Figure 9  The hardness as a function of the shear strain imposed 
during HPT for the disks AM-prepared parallel or orthogonal to 
the disk normal. For comparison, the hardness versus shear strain 
is also plotted for the as-cast and HPT-processed 316L steel.

Figure  10  Comparison of the XRD patterns taken at the edge 
of the disks processed by 1 turn of HPT from an as-cast and an 
additively manufactured (AM) 316L material. The 3D-printing 
was performed parallel to the disk normal.
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Figure 12a and b shows the evolution of the param-
eters of the microstructure versus the shear strain 
as determined by XLPA for the α- and γ-phases in 
the as-cast 316L material processed by HPT. In the 
α-martensite, the crystallite size and the dislocation 
density first decreased and increased, respectively, 
with increasing the shear strain and then saturated at 
the strain of about 50. The minimum crystallite size 
was 20–25 nm, while the maximum dislocation den-
sity was found to be ~ 130 ×  1014  m−2. The microstruc-
ture was also saturated at the shear strain of about 
50 for the γ-phase as shown in Fig. 12b. The mini-
mum crystallite size was similar in both phases, but 

the maximum dislocation density was much higher 
in the fcc phase (~ 250 ×  1014  m−2). This value is only 
slightly lower than the saturation dislocation density 
detected in the AM-prepared 316L samples after HPT 
(300–350 ×  1014  m−2). Similarly, the maximum achiev-
able twin fault probability in the γ-phase of the HPT-
processed as-cast material (~ 3.5%) does not differ con-
siderably from the value obtained for the 3D-printed 
316L steel deformed by HPT. On the other hand, the 
saturation of the lattice defect densities occurred at a 
higher strain (about 50) for the as-cast material com-
pared to the AM-prepared counterparts (between ~ 5 
and ~ 35 depending on the printing direction, see 
Fig. 4). The slower saturation of the microstructure in 
the fcc phase can be caused by the γ–α phase trans-
formation, which usually occurs at the most severely 
deformed parts (e.g., at the shear bands) of the HPT-
processed stainless steel [11]. Therefore, at low strains, 
the remaining fcc parts contained a smaller defect den-
sity than the 316L counterpart, which did not exhibit 
phase transformation during HPT (i.e., the 3D-printed 
samples).

It is worth noting that the saturation dislocation 
density in the fcc phase of the HPT-processed as-cast 
316L steel is about two times higher than that for the 
coexisting bcc phase. This difference may be caused by 
the low SFE of the austenite structure (about 20 mJ/m2 
[75]. The small value of SFE results in highly dissoci-
ated dislocations for which the escape from the dislo-
cation pile-ups at glide obstacles is difficult. Therefore, 
other dislocations must be formed in order to continue 
plastic deformation in the γ-phase, and thus, a higher 
maximum dislocation density is achieved than in the 
α-phase.

Figure 11  Evolution of the different phases in the as-cast 316L 
steel as a function of shear strain imposed during HPT. It is also 
indicated that in the AM-prepared samples, the whole material 
remained fully austenite during HPT at least up to the shear strain 
of about 350.

Figure 12  Evolution of the microstructure parameters in the α-phase (a) and γ-phase (b) of the as-cast 316L steel versus the shear strain 
imposed during HPT.
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Before HPT, the AM-prepared sample was signifi-
cantly harder (about 2500 MPa) than the as-cast coun-
terpart (~ 1400 MPa). The much higher hardness of 
the 3D-printed 316L steel specimens can be attributed 
to the smaller grain size (4–20 µm) compared to that 
of the as-cast material (~ 42 µm [11]). In addition, the 
AM-prepared samples have a relatively high disloca-
tion density (18 ×  1014  m−2) and the Ni content is also 
higher than that in the as-cast material. Thus, the dis-
location strengthening and the solid solution harden-
ing may also contribute to the elevated hardness of 
the initial 3D-printed 316L steel. On the other hand, 
the saturation hardness achieved in the as-cast alloy 
by HPT was significantly higher than for the HPT-
processed AM-prepared samples as shown in Fig. 9. 
This observation is surprising at first sight since in 
the saturation state the average dislocation density 
in the as-cast 316L steel is only about 160 ×  1014  m−2 
as calculated from the fractions and the dislocation 
densities in the γ- and α-phases, which is half of that 
for the AM-prepared counterpart. In addition, in the 
latter material, there is a high amount of twin faults, 
which also contribute to the hardness. The higher satu-
ration hardness of the HPT-processed as-cast alloy can 
be explained by the dominance of the α-phase since 
the plastic deformation in a bcc structure is usually 
more difficult than in the fcc counterpart. This effect 
is due to the reduced mobility of screw dislocations in 
bcc structures for both glide and cross slip, which is 
caused by the dissociation of screw dislocation cores 
into a nonplanar configuration [76]. In fcc crystals, 
dislocations are split into partials only in their glide 
planes, which does not hinder their slip and the cross 
slip of screw dislocations is also easier.

Conclusions

316L stainless-steel disks were processed by AM and 
then deformed severely using the HPT technique. The 
3D-printing direction was either parallel or orthogonal 
to the HPT disk normal. The microstructure evolution 
during HPT was studied by XLPA method, and addi-
tionally, the hardness was determined as a function 
of the shear strain. The results of this microstructure 
study contribute to the understanding of the deforma-
tion mechanisms of AM-processed 316L steel at high 
strains. Moreover, the effect of the building direction 
on the evolution of the lattice defect structure dur-
ing HPT is revealed for 316L steel. The significance of 

AM-processing in the development of the defect struc-
ture during SPD is assessed from the comparison with 
an as-cast counterpart deformed under the same HPT 
conditions. The following conclusions were drawn from 
the experimental results:

(1) The AM-prepared 316L stainless steel has a sin-
gle-phase fcc structure irrespective of the printing 
direction, which remained stable during HPT. The 
lack of martensitic phase transformation from fcc 
γ-phase to bcc α-phase during SPD can be attrib-
uted to the high concentration of Ni (about 12 
wt%). Both as-printed samples contained a sig-
nificant density of grown-in dislocations with the 
value of about 18 ×  1014  m−2.

(2) The crystallite size decreased, while the dis-
location density and the twin fault probabil-
ity increased with increasing the shear strain 
imposed during HPT. The saturation crystallite 
size, dislocation density and twin fault prob-
ability were about 30 nm, 300–350 ×  1014  m−2 
and 3.5–4%, respectively, for both 3D-printing 
directions. At low strains of HPT processing, the 
increase of the defect density was slightly higher 
for the “orthogonal” sample than for the “paral-
lel” disk. This effect can be attributed to the dif-
ferent crystallographic textures of the as-printed 
disks, yielding a slightly higher hardness for the 
“orthogonal” disk at shear strains not higher 
than ~ 30.

(3) The hardness values of the 316L steel disks 
printed in different directions varied between 
2340 and 2500 MPa, which increased up to about 
5200 MPa due to HPT processing. For a formerly 
studied as-cast 316L steel, the increase of hard-
ness during HPT was higher since a significant 
martensitic phase transformation occurred due to 
the lower Ni content (about 9 wt%). The satura-
tion hardness of the HPT-processed as-cast 316L 
alloy was higher than the 3D-printed counterparts 
deformed by HPT due to the high fraction of hard 
bcc martensite (about 70%) even if the fcc AM-
prepared samples contained a much higher dislo-
cation density and a large amount of twin faults.
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