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A B S T R A C T

Differential scanning calorimetry (DSC) was used to study the thermal stability of the microstructure and the
phase composition in nanocrystalline 316L stainless steel processed by high-pressure torsion (HPT) for ¼ and
10 turns. The DSC thermograms showed two characteristic peaks which were investigated by examining the
dislocation densities, grain sizes and phase compositions after annealing at different temperatures. The first
DSC peak was exothermic and was related to recovery of the dislocation structure without changing the phase
composition and grain size. The activation energies for recovery after processing by ¼ and 10 turns were ~163
and ~106 kJ/mol., respectively, suggesting control by diffusion along grain boundaries and dislocations. The
second DSC peak was endothermic and was caused by a reverse transformation of α’-martensite to γ-austenite.
The hardness of annealed samples was determined primarily by the grain size and followed the Hall–Petch
relationship. Nanocrystalline 316L steel processed by HPT exhibited good thermal stability with a grain size of
~200 nm after annealing at 1000 K and a very high hardness of ~4900 MPa.

1. Introduction

Austenitic 316L stainless steel is widely used as a structural
material in medical applications such as orthopaedic implants [1,2].
In addition, it is used also as a standard construction material in
engineering applications and nuclear power facilities due to its superior
mechanical properties such as high strength, good ductility, high
fracture toughness, excellent corrosion resistance and a low rate of
absorption for neutron radiation [3,4]. In practice, 316L stainless steel
has been studied extensively in order to further improve the thermal
and mechanical properties through tailoring of its microstructure and
chemical composition [4-7].

Severe plastic deformation (SPD) is often used for refining the
microstructure of bulk solids and generally it also yields an improve-
ment in the mechanical properties [8-10]. High-pressure torsion (HPT)
is one of the most effective SPD methods for processing ultrafine-
grained (UFG) or nanocrystalline microstructures [11] and results have
shown that the grain size of 316L can be refined to the nanocrystalline
range by HPT processing [5,12,13]. In addition to grain refinement, a
simultaneous phase transformation also occurs during HPT with the

transformation sequence γ-austenite → ɛ-martensite → α’-martensite.
It was also revealed that the nanocrystalline grains yielded an
exceptionally high hardness of ~6000 MPa after 10 turns of HPT [5].
It should be noted that the ultrahigh-strength martensitic steels often
suffer from severe intergranular embrittlement which may lead to
shorter operational lifetimes. It is recognized that heat treatment is an
effective process to overcome this embrittlement and improve the
ductility of martensitic steels [14–17] and it was shown that a heat
treatment after deformation of 304L stainless steel led to a reverse
martensitic transformation from body-centered cubic (bcc) α’-marten-
site to face-centered cubic (fcc) γ-austenite [15] thereby yielding a good
ductility.

The mechanisms of reverse martensitic transformation and the
microstructures of reversed γ-austenite have been investigated in steels
with different compositions [18–22]. During annealing, the reversion
of α’-martensite to γ-austenite in martensitic steels can occur by two
competing mechanisms: the diffusion controlled and the diffusionless
shear processes. The prevailing mechanism of α’-martensite reversion
is sensitive to the chemical composition of the steel and also to the heat
treatment conditions through the temperature [18,20,23–25]. For
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example, an investigation of the reversion mechanism of α’-martensite
to γ-austenite during annealing of rolled stainless steels with two
different alloying compositions, namely 16% Cr ‒ 10% Ni and 18% Cr ‒
9% Ni, showed that the 50% α’-martensite reversion temperature is
about 823 K in both steels despite the different mechanism of reversion
[24]. For these two compositions the reverse transformation occurred
by diffusionless and diffusional processes, respectively. In addition to
the chemical composition, the temperature of annealing and the degree
of pre-deformation also influence the mechanism of reverese marten-
sitic transformation [18–20,23]. The diffusional reversion is facilitated
by the application of plastic deformation prior to annealing and this
mechanism normally takes place over a wide temperature range [19].
By contrast, diffusionless shear reversion occurs in a narrow tempera-
ture range of about 50–75 K and it is essentially independent of the
applied pre-deformation.

In an earlier study [5], the evolutions of the dislocation density,
grain size and hardness were investigated with increasing numbers of
HPT turns at the periphery of 316L steel disks with the number of
turns varying between ¼ and 10. It was found that a nanocrystalline
microstructure with a very high dislocation density was formed by HPT
and simultaneously the initial γ-austenite phase was partly trans-
formed into ɛ- and α’-martensites. This very fine multiphase micro-
structure yielded an outstanding hardness (~6000 MPa). The thermal
stability of UFG and nanocrystalline microstructures in martensitic
steels is an important factor in their structural applications. Therefore,
the present study was initiated to examine the stability of the
dislocation density, grain size and phase composition in 316L stainless
steel samples processed by HPT. The experiments were performed on
two samples processed by the lowest (¼) and highest (10) numbers of
turns. The temperature ranges and the activation energies of the
processes occurring during annealing were determined by differential
scanning calorimetry (DSC). This appears to be the first study
documenting the concomitant recovery of the dislocation structure
and the reverse martensitic transformation during annealing of HPT-
processed 316L steel.

2. Experimental material and procedures

The chemical composition of the 316L stainless steel used in this
investigation was determined by energy-dispersion X-ray spectroscopy
and is shown in Table 1. The initial material was annealed at 1373 K for
1 h and then quenched to room temperature in water to form a coarse-
grained single phase γ-austenite. Disks with diameters of ~9.85 mm
and thicknesses of ~0.85 mm were prepared and processed by HPT
operating under quasi-constrained conditions [26,27], with an applied
pressure of 6.0 GPa at room temperature (RT). The HPT deformation
was carried out for low (N =¼) and high (N =10) numbers of
revolutions. In an earlier study, the microtructures, the phase compo-
sitions and the hardness of these HPT-processed UFG 316L samples
were studied in detail [5].

DSC was used to investigate the thermal stability of the phase
composition and the microstructure at the periphery of the HPT-
processed specimens. For DSC, small samples were cut from the
peripheral regions of the HPT disks and the DSC was performed in a
Perkin Elmer (DSC2) calorimeter at a heating rate of 20 K/min under
an Ar atmosphere. In order to determine the activation energies of the
processes related to the DSC peaks, the thermograms were measured at
different heating rates of 10, 20, 40 and 60 K/min. The maximum

temperature of the DSC scans was 1000 K.
In order to study the microstructural evolution during annealing,

samples were heated to the characteristic temperatures of the thermo-
grams and then quenched to RT. These specimens were mechanically
polished using a 2500 grit silicon carbide paper and then the surfaces
were electro-polished using an electrolyte with a composition of 70%
ethanol, 20% glycerine and 10% perchloric acid (in vol%) in order to
remove the uppermost surface layer distorted due to mechanical
polishing. The phase composition of the annealed samples was
investigated by X-ray diffraction (XRD) that was performed using a
high-resolution diffractometer with CoKα1 radiation (wavelength:
λ=0.1789 nm). The crystallite size ( < x > area) and the dislocation
density (ρ) in the main phase were evaluated by X-ray line profile
analysis (XLPA) using the Convolutional Multiple Whole Profile
(CMWP) fitting method [28]. In this method, the diffraction pattern
is fitted by the sum of a background spline and the diffraction profiles
obtained as the convolution of the instrumental and microstructural
peaks. The latter profiles are caused by the finite crystallite size and the
dislocations.

To complement the XLPA investigations, the microstructures of the
annealed samples were also studied by direct imaging methods. For
high temperature annealing, the grain size was sufficiently large to
investigate by scanning electron microscopy (SEM) using an FEI
Quanta 3D microscope. Electron backscatter diffraction (EBSD) images
were taken with a step size of 30 nm and evaluated using OIM software
(TexSem Laboratories). The grain size was determined by the OIM
program considering only those boundaries having misorientations
higher than 15°. At relatively low annealing temperatures, the grain
size in the HPT-processed samples remained very small and therefore
it was not possible to investigate these microstructures by EBSD.
Accordingly, transmission electron microscopy (TEM) was performed
for a determination of the grain size in these specimens. The TEM used
a Philips CM20 electron microscope operating at 200 keV, the TEM
images were recorded on imaging plates and the diffraction patterns
were indexed using the ProcessDiffraction program [29,30].

The stability of the microstructure was also monitored by measur-
ing the Vickers microhardness as a function of the annealing tempera-
ture using a Zwick Roell ZHµ hardness tester with an applied load of
500 g and a dwell time of 10 s.

3. Experimental results

3.1. Microstructures and phase compositions in the initial and the
HPT- processed specimens

The microstructure and the phase composition of the initial
undeformed material and the samples processed by N =¼ and 10
turns of HPT were reported in detail earlier [5]. Specifically, the initial
material was almost single phase γ-austenite with an average grain size
of ~42 µm and a hardness of ~1400 MPa. During HPT deformation,
the γ-austenite was transformed gradually to ɛ- and α’-martensites.
After ¼ turn, the grain size was refined to ~120 nm while the
dislocation density increased to ~66×1014 m−2 in the main α’-marten-
site phase at the periphery of the disk. Both the grain size and the
dislocation density saturated at the disk edge after 10 HPT revolutions
with values of ~45 nm and ~133×1014 m−2, respectively. This very
small grain size after 10 turns yielded a four-fold increase in hardness
to ~6000 MPa.

3.2. DSC analyses of the samples processed by HPT

Fig. 1 shows the DSC thermograms taken at a heating rate of 20 K/
min for the peripheral parts of the disks processed by HPT for N =¼
and 10 turns. For both specimens, an exothermic DSC peak was
observed in the temperature range between ~590 and ~740 K. The
temperature of the peak maximum was ~690 K and the released heat,

Table 1
The concentrations of the main alloying elements for 316L stainless steel used in this
study as determined by energy-dispersive X-ray spectroscopy.

Element Fe Cr Ni Mo Mn Si Cu Co

wt% Bal. 17.20 8.97 2.13 1.03 0.77 0.48 ≤ 0.35
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determined as the areas under the exothermic peaks, had values of
~3.0 and ~4.9 J/g for ¼ and 10 revolutions, respectively. Thus, the
released heat was larger after more severe deformation. At about 740 K
an endothermic DSC peak started for the two HPT-processed samples
and this ended at ~950 K irrespective of the numbers of turns. The
peak minimum occurred at ~793 K. The areas under the endothermic
peaks for ¼ and 10 revolutions were −3.8 and −5.7 J/g, respectively.
The processes related to the exothermic and endothermic peaks were
revealed by annealing specimens to different temperatures and study-
ing their phase compositions and microstructures after quenching to
RT. These results are now considered.

3.3. Changes of phase composition during DSC annealing

In order to determine the change of phase composition during the
DSC heat treatment, XRD measurements were carried out on samples
heated to various temperatures. Fig. 2a and b show the X-ray
diffractograms obtained for the periphery of the disks processed for
N =¼ and 10 turns, respectively, after annealing at different tempera-
tures. The volume fractions of the different phases were estimated from
the integrated intensities under the XRD peaks. Due to the small
fraction of ε-martensite and the strong overlapping of its XRD peaks
with the reflections of γ-austenite, the fraction of ε-martensite was not
determined separately but rather this phase was considered as a part of
γ-austenite. This evaluation method is in accordance with the concept
which considers ε-martensite as a heavily faulted fcc γ-austenite
structure with a special arrangement of stacking faults [31]. Fig. 3
shows the fraction of α′-martensite as a function of the annealing

temperature at a heating rate of 20 K/min for N =¼ and 10 turns.
Immediately after HPT, the values of the α′-martensite fraction were
~53 and ~74% for ¼ and 10 revolutions, respectively. The higher
amount of α′-martensite for 10 turns is attributed to the larger strain
since the formation of this phase from γ-austenite was induced by the
deformation applied during HPT.

For both ¼ and 10 turns, the amounts of α′-martensite practically
remained unchanged until the end of the exothermic peak at ~740 K.
Above this temperature, the fraction of α′-martensite gradually de-
creased as this phase was transformed into γ-austenite. Achieving the
highest temperature applicable in the present DSC experiments
(~1000 K), the fraction of α′-martensite was reduced to about ~7%
for both HPT-processed materials where this value is approximately
the same as the fraction of α′-martensite observed in the initial
material [5]. The remaining α′-martensite in the present HPT-pro-
cessed materials annealed at 1000 K is in accordance with other reports
as a nearly complete reversion of α′-martensite to γ-austenite was only
observed beyond 1023 K for a cold-rolled 301LN steel [17].

Comparing the evolution of the fraction of α′-martensite with the
DSC thermogram in Fig. 3, it is evident that the endothermic peak is
related to the reverse transformation of α′-martensite to γ-austenite.
However, it is noted that the endothermic peak apparently finishes
before the end of the phase transformation. Indeed, at the end of the
endothermic peak at ~950 K there remains about 15% of α′-marten-
site. This apparent contradiction can be explained by a concomitant

Fig. 1. DSC thermograms obtained at a heating rate of 20 K/min for the peripheral parts
of HPT disks processed for N =¼ and 10 turns.

Fig. 2. X-ray diffractograms obtained for the samples processed by HPT and post-annealed at different temperatures. (a) N =¼ turn and (b) N =10 turns.

Fig. 3. α’-martensite fraction versus annealing temperature for the HPT samples
processed by ¼ and 10 turns. The corresponding DSC thermograms are also shown in
the figures.
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exothermic process related to the recovery of the microstructure as
described in the following section. Below 950 K, the energy absorbed
by the phase transformation overwhelms the heat released due to
recovery and at the same time above 950 K the phase transformation
slows down resulting in an approximate balance between the absorbed
and released heats.

3.4. Microstructure evolution during annealing

The change of the dislocation density and the crystallite size during
DSC annealing was studied by XLPA on samples heated to different
temperatures. The evaluation of the microstructure was carried out
only for the main phase which had the highest fraction among the
different crystalline phases. Fig. 3 shows that the α′-martensite
remained the major phase for ¼ and 10 turns at annealing tempera-
tures lower than 840 and 875 K, respectively, whereas above these
temperatures the γ-austenite became the main phase. Fig. 4a and b
illustrate the XLPA fitting for the bcc α′-martensite and the fcc γ-
austenite main phases in the samples processed by 10 turns and
annealed at 560 and 1000 K, respectively. In Fig. 4a the four peaks of
the major α′-martensite phase measured in the Bragg angle range of
45–135° by CoKα1 radiation were fitted by the CMWP method while
the other peaks related to the γ-austenite and ɛ-martensite phases were
put into the background. At the same time, in Fig. 4b γ-austenite is the
main phase and therefore the fitting was carried out only for the X-ray
peaks related to this fcc structure. In both cases, the difference between
the measured and the fitted diffractograms was practically zero, thus
indicating a good fitting of the measured diffractogram by the
theoretical pattern.

Fig. 5 shows the evolution of the dislocation density and crystallite
size in the main phase as a function of the annealing temperature for N
=¼ and 10 turns. It can be seen that the dislocation density in the
main α′-martensite phase practically remains unchanged during an-
nealing up to the beginning of the exothermic DSC peak. For 10 turns
of HPT, in the temperature range corresponding to the exothermic DSC
peak, the dislocation density decreased from ~133×1014 to
~50×1014 m−2. Similarly, for N =¼ the dislocation density decreased
from ~66×1014 to ~39×1014 m−2 during the exothermic peak. The
crystallite size remained practically unchanged during the exothermic
DSC peak for ¼ turn and there was only a slight increment for 10
turns.

It should be noted that in severely deformed metallic materials the
crystallite size corresponds to the subgrain size rather than to the grain
size determined by microscopic methods. Therefore, the grain size was
also determined by TEM at the characteristic temperatures of the DSC

thermograms. Fig. 6 shows dark field TEM images for the HPT samples
processed by 10 turns and annealed to different temperatures. For each
specimen, the average grain size was calculated from an evaluation of
about 50–100 grains. Thus, similar to the crystallite size, the grain size
also remained unchanged within the experimental error during the
exothermic peak as revealed in Fig. 5. Therefore, it can be concluded
that in the first and exothermic DSC peak a recovery of the dislocation

Fig. 4. Fitting on the XRD patterns taken on the samples processed by 10 turns of HPT and heated up to (a) T=560 K and (b) T=1000 K. The open circles and the solid line represent the
measured and the fitted patterns, respectively. The difference between the measured and fitted diffractograms is shown at the bottom of the figure. The insets show selected peaks with
higher magnification.

Fig. 5. The average grain size obtained by TEM and EBSD, and the crystallite size and
dislocation density determined by XLPA as function of annealing temperature for the
main phase in the samples processed by HPT for (a) N =¼ turn and (b) N =10 turns. The
corresponding DSC thermograms are also shown in the figures.
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structure occurred without any significant grain-growth.
In the first and major part of the second and endothermic peak,

between 740 and 875 K, both the crystallite size and the dislocation
density showed little change in the main α′-martensite phase as
demonstrated in Fig. 5. At the same time, the fraction of α′-martensite
decreased from ~54 to ~38% and from ~74 to ~47% for ¼ and 10
turns, respectively (see Fig. 3). The unchanged dislocation density is
most probably caused by a balance between the annihilation of
dislocations due to annealing and their formation owing to the stresses
induced by the phase transformation. Earlier studies [32] showed that
the phase transformation of α′-martensite to γ-austenite is accompa-
nied by a volume contraction which may yield internal stresses and the
formation of lattice defects. Indeed, it was revealed that vacancy
clusters consisting of ~6–9 vacancies formed at the interface between
α′-martensite and γ-austenite after the reverse phase transformation
[32].

In the first part of the endothermic peak, only a moderate increase
of the grain size of less than ~30% was observed. In the last and short
part of the endothermic peak between 875 and 950 K the phase
transformation was accelerated and the fraction of the α′-martensite
phase decreased to ~15% as shown in Fig. 3. In this temperature range,
the main phase is γ-austenite and the dislocation density decreased
rapidly to ~13–14×1014 m−2 for both ¼ and 10 turns. Above 950 K the
reduction of the α′-martensite fraction continued without any en-
dothermic DSC signal. Most probably, the effect of this phase trans-
formation on the thermogram was compensated by an exothermic
signal due to the decrease in the dislocation density and the increase of
the grain size. Indeed, Fig. 5 shows that in the temperature range of
950–1000 K the dislocation density decreased from ~13–14×1014 m−2

to ~6–10×1014 m−2 while the grain size increased very rapidly to

~195–198 nm for the two samples processed by ¼ and 10 revolutions.
The final microstructures after heating the samples processed by ¼
and 10 turns to 1000 K are shown in the EBSD images of Fig. 7. In
accordance with the XRD results, these EBSD images reveal that the
reverse transformation of α′-martensite to γ-austenite is incomplete
even at 1000 K and about 7% of α′-martensite remains in the
microstructure.

It is important to note that the HPT-processed 316L steel samples
exhibited very good thermal stability since, even after annealing up to
1000 K, the dislocation density remained high at ~6–10×1014 m−2

while the average grain size remained not higher than ~200 nm.
Indeed, the continuous Debye-Scherrer XRD rings observed in the
imaging plates for both samples annealed up to 1000 K suggest that no
recrystallization occurred over this temperature range. This observa-
tion is consistent with previous studies which showed that recrystalli-
zation in cold rolled 316L steel occurred only above ~1025 K [24]. It
was also shown that in nanocrystalline 316L steel doped with Al there
was a significant grain growth only after completion of the reverse
phase transformation to γ-austenite [25]. The very good thermal
stability of the UFG and nanocrystalline microstructures in γ-austenite
is due to the high melting point of ~1700 K [33] and the high
concentration of alloying elements. Both of these characteristics hinder
the climb and cross-slip of dislocations which are fundamental recovery
processes.

3.5. Influence of the DSC heat treatment on hardness

Fig. 8 shows the Vickers microhardness as a function of the
annealing temperature for N =¼ and 10 turns. It is evident that the
hardness remained practically unchanged up to ~900 K for both

Fig. 6. TEM images obtained for the samples processed for 10 turns and annealed at (a) 560 K, (b) 780 K, (c) 875 K and (d) 950 K.
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materials. This temperature corresponds to the end part of the
endothermic peak and therefore it is concluded that neither the
recovery of the dislocation structure nor the extensive phase transfor-
mation influences the hardness of the nanostructured 316L steel
processed by HPT. At the same time, when the grain size started to
grow at the end of the endothermic peak, the hardness was reduced
especially for the material processed by 10 turns (compare for example,
Figs. 5 and 8). This observation suggests that the hardness is influenced
mainly by the grain size. The higher decrease of the hardness for 10
turns is due to the larger degree of grain growth from ~45 to ~195 nm
compared to the grain coarsening for ¼ turn from ~120 to ~198 nm.

This result is in agreement with the previous study which showed that
the hardness of 316L steel samples processed by HPT were more
sensitive to the grain size than the phase composition [5]. Other
investigations also found that the recovery makes only a small
contribution to softening in steels having low stacking fault energies
[34]. It is worth noting that the hardness remained high at ~4900 MPa
even after annealing up to 1000 K for both N =¼ and 10 turns. As the
initial material was also a nearly single phase γ-austenite, the
combination of HPT and annealing up to 1000 K enhanced the
mechanical strength of 316L stainless steel without introducing any
significant change in the phase composition.

3.6. Activation energies determined from the DSC thermograms

This study revealed that the first, exothermic peak in the DSC
thermograms is related to the recovery of the microstructure in
nanocrystalline 316L steel processed by HPT. The activation energy
of the recovery was estimated from the shift of the exothermic peak
maximum when the heating rate was varied. The analysis was carried
out using the Kissinger equation [35]:

ln β
T

Q
k T

B=− 1 + ,
P P
2 (1)

where β is the heating rate, Tp is the temperature of the peak
maximum, Q is the activation energy, k is the Boltzmann constant
and B is a constant. The values of Q and B can be determined from the
slope and the intercept of the straight line fitted to datum points in the
plot ln β

TP
2 versus

T
1
P
.

Fig. 9 shows the Kissinger plots for the samples processed by HPT

Fig. 7. EBSD images showing the grain structure after annealing at 1000 K for (a) γ-austenite and (b) α’-martensite in the sample processed for ¼ turn, and for (c) γ-austenite and (d)
α’-martensite in the specimen processed for 10 turns.

Fig. 8. The hardness versus the annealing temperature for N =¼ and 10 turns. The
corresponding DSC thermograms are also shown in the figures.

M. El-Tahawy et al. Materials Science & Engineering A 682 (2017) 323–331

328



for N =¼ and 10 turns. The values of the activation energies for
recovery are ~163 ± 19 and ~106 ± 10 kJ/mol for ¼ and 10 turns,
respectively. In the temperature range related to the endothermic peak,
in addition to the reverse transformation from α′-martensite to γ-
austenite, a recovery of the dislocation structure and grain growth also
occurred. Therefore, the activation energy of the reverse martensitic
phase transformation cannot be determined from the shift of the
endothermic peak due to the variation in the DSC heating rate.

4. Discussion

4.1. Correlation between the microstructure and the activation
energy of recovery

The activation energies for self-diffusion in pure iron with fcc and
bcc structures are ~278 kJ/mol [36] and ~255 kJ/mol [37,38], respec-
tively, and the activation energies for diffusion along grain boundaries
and dislocations are about one-half of the value for self-diffusion in
coarse-grained materials [39,40]. Thus, the activation energy for grain
boundary and bulk diffusion of iron in Fe–20Cr–25Ni–Nb stainless
steel is ~178 and ~278 kJ/mol, respectively [41] and the activation
energy for grain boundary diffusion of iron in 316 stainless steels is
~173 kJ/mol [42]. These values are close to the activation energies of
recovery determined in the present study.

Thus, the DSC investigations showed that the activation energies of
recovery for nanocrystalline 316L steel processed by ¼ and 10 HPT
turns are smaller than the activation energy of self-diffusion in iron by
factors of about 0.6 and 0.4, respectively. This suggests that recovery is
controlled by diffusion along the grain boundaries and dislocations.
Indeed, the grain size remained as small as ~50–110 nm and the
dislocation density was reduced to ~40–50×1014 m−2 during the
exothermic DSC peak for both ¼ and 10 turns so that relatively fast
diffusion along the lattice defects determined the rate of recovery. It is
noted, however, that a significantly higher activation energy for
recovery was observed for the sample processed through ¼ turn
compared to 10 turns. This difference is attributed to the lower
frequency of diffusion short circuits in the sample processed by ¼
turn due to the inherently larger grain size and the smaller dislocation
density. In addition, the higher fraction of γ-austenite after ¼ turn may
also contribute to the higher activation energy of recovery since
diffusion in the fcc iron structure is more difficult than in the bcc
phase as shown by the higher self-diffusion activation energy [36–38].

4.2. Hall–Petch relationship between the hardness and the grain size
during annealing

In an earlier study [5], it was shown that the hardness of HPT-
processed 316L samples was determined primarily by the grain size.
Even if the phase compositions were very different, samples with
similar grain sizes exhibited similar hardnesses while the various
different grain sizes yielded very different hardness values. It was also
shown that the hardness (H) versus grain size (d) data for 316L steel
obeyed the Hall-Petch relationship [43,44]:

H H k d= + .H0
−0.5 (2)

In practice, the values of H0 and kH depend on the precise grain
size regime. For grain sizes larger than 1 µm H0 ≈745 MPa and kH
≈2804 MPa µm1/2, while for UFG materials the values of H0 and kH
were ~3220 MPa and ~580 MPa µm1/2, respectively [5]. Comparing
the microstructural parameters, the phase fractions and the hardness
values obtained for different annealing temperatures in Figs. 3, 5 and 9,
it appears that the hardness is primarily determined by the grain size
also for the annealed nanocrystalline 316L steel samples. In Fig. 10 the
hardness values are plotted as a function of d−1/2 for 316L steel
samples immediately after HPT processing (denoted by solid symbols)
and after post-annealing in DSC up to different temperatures (denoted
by open symbols). The data for the HPT samples were measured at the
peripheries of disks processed for different numbers of turns [5]. In
Fig. 10 the nine datum points for the post-annealed samples represent
the states for which the grain size values were determined (see Fig. 5).
The straight line in the Hall–Petch plot was obtained by fitting the data
obtained for the HPT-processed samples in the earlier study [5]. It can
be seen that the data obtained on the annealed HPT samples (indicated
by open circles) follow the same Hall–Petch relationship despite the
strong reduction in the dislocation density and the change in the phase
composition. Therefore, it is concluded that neither the occurrence of
recovery nor the reverse phase transformation from α′-martensite to γ-
austenite influences the hardness evolution during the annealing of
nanocrystalline 316L steel.

5. Summary and conclusions

1. The thermal stability of the nanocrystalline microstructure in 316L
stainless steel processed by HPT for ¼ and 10 turns was investi-
gated by DSC up to 1000 K. Two peaks were observed in the DSC
thermograms for both materials. The first, an exothermic peak, was
detected between ~590 and ~740 K and related to the annihilation
of dislocations. During this recovery, the phase composition and the

Fig. 9. Kissinger plot for the evaluation of the activation energy of recovery from ln
(β T/ P

2) versus 1/TP. β is the heating rate and Tp is the temperature of DSC peak

maximum.

Fig. 10. Hall–Petch plot of the relationship between the hardness (H) and the grain size
(d) measured on HPT processed 316L steel samples (the data were taken from [5] and
represented by solid circles) and after annealing the specimens processed for ¼ and 10
turns of HPT (the data are from this study and denoted by open circles).
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average grain size remained practically unchanged. The second, an
endothermic peak between ~740 and ~950 K, was caused by a
reverse phase transformation of α’-martensite to γ-austenite and the
reverse phase transformation continued even after the end of the
endothermic peak. Between ~950 and ~1000 K the heat absorbed by
the phase transformation was compensated by the heat released due
to recovery and grain growth.

2. There was no influence of the number of HPT turns on the
temperature range of the DSC peaks despite the different grain
sizes, phase compositions and dislocation densities in samples
processed for ¼ and 10 turns. The activation energies of recovery
were different at ~163 and ~106 kJ/mol for ¼ and 10 turns,
respectively, and these values suggest that recovery is controlled
by diffusion along the grain boundaries and dislocations.

3. The HPT-processed nanocrystalline 316L steel samples exhibited
very good thermal stability such that, even after heat treatments
performed up to 1000 K, high dislocation densities of ~6–
10×1014 m−2 and small grain sizes of ~200 nm remained in the
materials. This good stability is attributed to the large alloying
element concentration and the high melting point of 316L steel.

4. Despite the significant decrease in the dislocation density and the
extensive phase transformation, the hardness changed only slightly
up to the end of the endothermic peak. Above ~950 K the hardness
decreased rapidly due to grain growth. Therefore, the hardness of
annealed nanocrystalline 316L steel is determined primarily by the
grain size and the hardness values follow the Hall–Petch relation-
ship

5. The initial 316L steel material before HPT was an almost single
phase γ-austenite with an average grain size of ~42 µm. HPT
processing gave a partial phase transformation to α’-martensite
and simultaneous grain refinement while annealing up to 1000 K
yielded an almost complete reverse transformation to γ-austenite
without any major grain growth. The relatively small grain size
yielded a high hardness with a value of ~4900 MPa. It is concluded
that a combination of HPT at RT and annealing up to 1000 K is a
powerful method for achieving a fully austenitic UFG microstructure
with a high strength in 316L stainless steel.
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