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Commercial-purity (99 wt pct), bulk, ultrafine-grained aluminum samples were produced by a
two-step process that combines powder consolidation by hot isostatic pressing and dynamic
plastic deformation. The compaction step yielded crystallographic texture-free specimens with
an average grain size of approximately 2 lm. Then, some of the consolidated specimens were
deformed dynamically at room temperature at an initial strain rate of 370 seconds�1 and up to
an axial strain of e = 1.25. After dynamic plastic deformation, the grain size and the dislocation
density were approximately 500 nm and 1014 m�2, respectively. The yield strength was
approximately 77 MPa for the as-consolidated sample, which increased up to approximately
103 MPa and 120 MPa for the impacted samples along the axial and radial directions,
respectively. The compression stress as a function of strain showed saturation behavior for the
axially deformed samples, whereas the specimens deformed along the radial direction exhibited
significant strain softening. The latter behavior is explained mainly by the weakening of the
crystallographic texture that occurred because of the strain-path change along the radial
direction.
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I. INTRODUCTION

BULK ultrafine-grained (UFG) metals with grain
sizes in the submicron range have been at the center of
intense study in recent years because of their unique
mechanical and physical properties.[1] Within the frame-
work of producing light and mechanically resistant
structures, UFG aluminum and their alloys have been
produced routinely by various methods, including quasi-
static severe plastic deformation (SPD). The most
important SPD procedures are high-pressure torsion
(HPT),[2] equal-channel angular pressing (ECAP),[3]

accumulative roll bonding (ARB),[4] multidirectional
forging (MDF),[5] and the combinations of these pro-
cesses, such as ECAP+HPT.[6] In most SPD methods,
the reduction of the grain size occurs via the formation
of subgrains or cells bounded by low-angle grain
boundaries (LAGBs), which subsequently transform
into high-angle grain boundaries (HAGBs) with sub-
sequent straining.[7] In the ECAP method, the rate of
transformation from LAGBs to HAGBs depends on the

processing route. For example, equiaxed UFG grains
with high fractions of HAGBs formed already after four
ECAP passes applying route BC, whereas in the case of
route A, many more passes were needed to reach the
same state.[3]

Recently, SPD methods applied at high strain rates
and at cryogenic or ambient temperatures have also
been used to produce UFG microstructures in face-
centered cubic (fcc) materials such as Cu and Ni.[8]

These procedures are referred to as dynamic (severe)
plastic deformation (DPD) methods. It was reported
that during DPD at cryogenic temperatures, grain
refinement was promoted by an additional mechanism
of nucleation of twin bundles, which are subsequently
fragmented by the passage of adiabatic shear bands.[9]

Under a subsequent quasi-static uniaxial tensile or
compression deformation at room temperature (RT),
the high dislocation density (1015 to 1016 m�2) formed at
cryogenic temperatures yields flow stress stagnation and
eventually strain softening as a result of recovery. In
such a case, plastic instability might occur and result in
limited tensile ductility.[10,11]

Powder metallurgy (PM) methods such as hot iso-
static pressing (HIP) and spark plasma sintering (SPS)
can produce bulk UFG metals and alloys starting from
nanopowders.[12–16] The as-processed UFG materials
have high fractions of HAGBs and random crystallo-
graphic texture.[14,17] However, some inherent weak-
nesses of the consolidated materials are often observed,
such as incomplete particle bonding or residual porosity,
which usually lead to easier crack formation during
straining. The application of high temperature during
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sintering may result in better consolidation properties,
but naturally it leads to grain growth. More impor-
tantly, the contamination of the starting nanopowders
because of their high specific surface area is a major
issue that has a dramatic impact on the mechanical
properties of the consolidated materials.[18,19] Unlike in
nanopowders, in conventional micrometer-sized pow-
ders, the problems mentioned previously are diminished
because the powders have low specific surface area and
reactivity, which also facilitate their handling in powder
metallurgy processing. Therefore, contamination-free
and fully dense products have been processed routinely
from coarse-grained powders, although their micro-
structure is hardly of the UFG type.

In this paper, we report on the processing of bulk
UFG aluminum by a method that combines the
advantages of PM and DPD routes. To minimize the
contamination introduced by the powder into the bulk
samples, conventional micrometer-sized powder parti-
cles are first consolidated by HIP. Then, the grains of
the sintered material are subsequently refined by DPD
performed at RT. The obtained microstructure and its
long-term stability at RT are fully characterized by
transmission electron microscopy (TEM), X-ray texture
measurement, and X-ray line profiles analysis (XLPA).
The mechanical behavior of the UFG microstructure
processed by the combination of HIP and DPD is
investigated by means of a quasi-static compression test
at RT with the deformation axis parallel or perpendic-
ular to the impact direction. The underlying deforma-
tion mechanisms are deduced from postmortem TEM
investigations complemented by XLPA and crystallo-
graphic texture evolution. The influence of the strain-
path change on the microstructure and texture stability
during straining is discussed.

II. EXPERIMENTAL PROCEDURES

The starting material used was a commercial purity
(99 wt pct) aluminum powder supplied by POUDMET
S.A.S (Bailleval, France), whose microstructure is
shown in the scanning electron microscopy (SEM)
image in Figure 1. The powder consisted of particles
with a mean size of approximately 5 lm agglomerated
into clusters 50 to 100 lm in size. The chemical
composition of this powder is shown in Table I.
The powder was consolidated by HIP under the

following optimized conditions: a heating rate of 375 K/h,
a dwell pressure of 200 MPa, and a temperature of
723 K (450 �C). The HIP cycle was stopped after
240 minutes when the built-in dilatometer indicated
that there was no more capsule deformation, meaning
that the sample was fully compacted. The HIP temper-
ature was selected to be the optimum value that gives a
relative mass density higher than 99 pct without the
occurrence of considerable grain growth. HIP process
resulted in a cylinder-shaped sample approximately
12 mm in diameter and 70 mm in height. It is noted
that the current material is the same as that studied in
Reference 20. Usually, the surface of Al powder
particles are covered by an amorphous, oxygen-rich
thin film that may transform into crystalline alumina
during high-temperature sintering. In the samples used
in this study, oxide peaks were not observed in the X-ray
diffraction patterns measured after consolidation. This
experimental result does not exclude the existence of a
small amount of crystalline or amorphous oxide or
hydroxide in the HIP-processed samples. However, even
if this phase exists, it does not alter the conclusions of
the current study. From the HIP-processed specimens,
samples 12 mm in diameter and 21 mm in height were

Fig. 1—(a) SEM image of commercial purity (99 wt pct) aluminum powder used for HIP processing. (b) SEM image with higher magnification
reveals that the clusters with the size of 50 to 100 lm in (a) consisted of particles having a mean size of approximately 5 lm.

Table I. Chemical Composition of the HIP-Processed Al Sample Obtained by Inductively Coupled Plasma/Optical Emission

Spectrometry

Elements Al Ca Cu Fe Mg Mn S Si

Composition (ppm) base 1175 ± 20 303 ± 5 1069 ± 5 944 ± 15 166 ± 4 <8 5735 ± 112
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cut and submitted to DPD using a drop mass bench as
described in previous studies.[20,21] After impact, the
sample was deformed into a disk shape 22.5 mm in
diameter and 6 mm in height (Figure 2), corresponding
to an axial strain of approximately 1.25. During DPD,
the impact velocity decreases gradually with increasing
strain down to a zero value. In the current experiment,
the initial velocity was 7.8 m/s. The strain rate _e at any
moment of DPD can be given by the actual velocity v
and the height of the sample l using the following
formula:

_e ¼ d

dt
ln
l0
l

� �
¼ 1

l

dl

dt

����
���� ¼ v

l
½1�

where l0 is the initial height of the specimen (21 mm).
According to Eq. [1], the initial strain rate was 370
seconds�1. The DPD-processed specimens were studied
by quasi-static compression tests conducted on prismatic
samples with dimensions of 3 mm 9 3 mm 9 5 mm at
RT and a strain rate of 1.8 9 10�4 seconds�1.[20] The
strain in the quasi-static compression tests was deter-
mined from the crosshead displacement as e ¼ ln l0

l

� �
. In

the calculation of the plastic strain, the collective elastic
stiffness of the machine and the sample was determined
from the initial elastic deformation and used in the
subtraction of the elastic component from the total
strain. Lubrication was not used during DPD or during
quasi-static compression tests. However, barreling of the

samples was not observed (the samples were prismatic
specimens with the dimensions of 3 mm 9 3 mm 9
5 mm). At the same time, twisting of the samples was
observed when the total strain exceeded 60 pct. Two
directions of the compression axis relative to the impact
direction were considered, namely the axial direction X1

and the radial direction X2 parallel and perpendicular to
the impact direction, respectively (Figure 2). It should
be noted that immediately after the deformation proce-
dures (DPD and subsequent quasi-static compression
tests), the samples were stored in a freezer until
microstructure investigations were conducted to prevent
the recovery of the deformed microstructures.
Microstructural investigations were carried out by

means of complementary techniques including TEM,
texture analysis, and XLPA. For TEM investigations,
thin foils were prepared from the samples processed by
HIP, HIP+DPD and quasi-static compression. Ini-
tially, disks 3 mm in diameter and 70 lm in thickness
were cut using an Ultrasonic Disc Cutter Model 601
(Gatan, Inc., Pleasanton, CA) and dimpled using a
Gatan Model 656 Dimple Grinder. The final thinning
was carried out using a Gatan Precision Ion Polishing
System Model 691 under the following conditions:
electrical tension of 5 kV, current of 5 mA, and beam
inclination angle of ± 7 deg. TEM investigations were
carried out on a JEOL 2011 EM operating at 200 kV
(JEOL, Ltd., Tokyo, Japan).
The grain boundary misorientation distribution on

the impacted surface of the HIP+DPD sample was
investigated by electron backscattering diffraction
(EBSD). The EBSD experiments were carried out using
a Zeiss Supra 40VP FEG scanning electron microscope
(Carl Zeiss, Oberkochen, Germany). The scans covered
regions of approximately 150 lm 9 150 lm using a step
size between neighboring measurement positions of
0.2 lm. The grain boundary misorientation distribution
was extracted from the EBSD scan with OIM software
version 4 (TexSem Laboratories, Mesa, AZ)
The crystallographic texture was studied after DPD

by X-ray diffraction (XRD) on the faces lying perpen-
dicular and parallel to the impact direction, which are
denoted as faces (1) and (2), respectively. To describe the
results, it was necessary to attach an orthogonal
reference system to each analyzed face. The axes of
these systems are denoted as X1i, X2i, and X3i (i = 1, 2),
respectively, where i stands for the face being investi-
gated. X1i is perpendicular, whereas X2i and X3i are
parallel, to the face (i). Figure 3 illustrates these two
reference systems. The texture measurements were
performed using an Inel four circles diffractometer (Inel,
Inc., Stratham, NH) in Bragg-Brentano geometry with a
CoKa point focus X-ray source (k = 0.17902 nm). The
pole figures corresponding to {111}, {200}, and {220}
reflections were determined. After correcting the exper-
imental pole figures (background, defocusing, and
normalization), the orientation distribution function
was calculated using Labotex software (LaboSoft s.c.,
Krakow, Poland).[22] In addition, crystallographic tex-
ture investigations were also performed after quasi-static
compression tests on the faces perpendicular to the
compression axes of the prismatic samples.

Fig. 2—(a) The HIP-processed specimen before and after room-tem-
perature DPD. (b) Schematic drawing of samples X1 and X2 used for
the quasi-static compression tests (b). The large arrow indicates the
impact direction, whereas the small arrows indicate the subsequent
quasi-static compression tests axes.
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The X-ray line profiles were measured by a high-
resolution rotating anode diffractometer (Nonius,
FR591; BRUKER AXS, Delft, the Netherlands) using
CuKa1 radiation (k = 0.15406 nm). The line profiles
were evaluated using the convolutional multiple whole
profile (CMWP) fitting procedure described in detail in
other reports.[23,24] In this method, the experimental
pattern is fitted by the convolution of the instrumental
pattern and the theoretical size and strain line profiles.
The theoretical profile functions used in this fitting
procedure are calculated based on a model of the
microstructure, in which the crystallites have spherical
shape and lognormal size distribution, and the lattice
strains are assumed to be caused by dislocations. This
method gives the area-weighted mean crystallite size and
the dislocation density with good statistics. An example
of fitting obtained for the sample processed by DPD is
shown on a logarithmic intensity scale in Figure 4. The
measurements were carried out on face (1) of the
HIP+DPD samples and were repeated after storing
the sample at RT for 3 months to check the stability of
the microstructure.

III. RESULTS AND DISCUSSION

A. Microstructure Investigations

1. Analysis of the microstructure by TEM
The TEM image in Figure 5 shows that after HIP, the

microstructure consists of equiaxed grains with a mean
grain size of approximately 2 lm. After the HIP+DPD
procedure, the microstructures shown in Figures 6(a)
and (b) were observed on faces (1) and (2), respectively.
The grains are equiaxed when viewed along the face
lying perpendicular to the impact direction (face (1) and
slightly elongated in a direction perpendicular to the
impact axis when viewed along the face lying parallel to
the impact direction (face (2)). The mean grain size is
approximately 500 nm, which is approximately four

times lower than the initial value obtained immediately
after HIP. Finally, incidental dislocations within the
grain/subgrain interiors are scarcely observed. These
features of the microstructure suggest strongly that a
recovery phenomenon occurred in the course of DPD
processing because of the high strain rate. It is worth
noting that even if a possible associated increase in the
temperature on dynamic straining has not been demon-
strated explicitly in the current work, RT (~298 K
[25 �C]) already corresponds to a homologous temper-
ature of ~0.32Tm (where Tm is the melting temperature
of Al with a value of 933 K [660 �C]), which is close to
the lower bound of the recrystallization temperature
range of pure metals (approximately 0.4Tm). Actually,
similar microstructures were reported to form during
cold rolling and ECAP of aluminum and its alloys,[25–27]

or during high-strain-rate load impacts in Ni.[28] In
addition, a similar microstructure with sharp boundaries
and dislocation-free interiors as has been reported
previously during the static annealing of Al+0.13

Fig. 3—Details of the reference systems attached to faces (1) and (2)
of the DPD-processed samples used for X-ray analyses and compres-
sion tests.

Fig. 4—A part of the experimental X-ray diffraction pattern (open
circles) and the fitted curve (solid line) obtained by CMWP fitting
method on the sample processed by the combination of HIP and
DPD procedures.

Fig. 5—TEM image showing the microstructure after HIP-process-
ing that consists of equiaxed grains with a mean grain size of
approximately 2 lm.
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wt pct Mg alloy at 423 K (150 �C). The alloy was
deformed initially by plane strain compression in liquid
nitrogen.[29] Figure 7(a and b) show an EBSD image
obtained along the impacted surface of the HIP+DPD
sample and the corresponding boundary misorientation
distribution, respectively. Although all orientations
seem to be present in the EBSD image, a tendency
toward the [011] orientation is observed. Additionally,
Figure 7(b) reveals a high fraction of LAGBs (approx-
imately 60 pct).

The temperature and strain rate of SPD processing
have a significant effect on the grain size in nanocrys-
talline or ultrafine-grained metals and alloys. For a
given strain and processing method, the higher the strain
rate and/or lower the temperature of deformation, the
smaller the grain size. The combined effects of the strain
rate and temperature can be expressed by the Zener-
Hollomon parameter defined as[30]

Z ¼ _e exp
Q

RT

� �
½2�

where _e is the strain rate in unit of seconds�1, R is

the gas constant 8:314 J

molK

� �
; T is the absolute

temperature, and Q is the activation energy for diffusion.
For Al – 1 wt pct Mn, the following relationship
between the grain size (d) and parameter Z is suggested[31]:

d�1 ¼ 0:045 lnZ� 0:76 ½3�

where d is given in lm. The higher the value of Z, the
smaller the grain size obtained during SPD processing.
During DPD processing, the strain rate decreases from
370 seconds�1 to 0 seconds�1. Substituting a mean
strain rate of 185 seconds�1 and an activation energy
of 156 kJ/mol[31] into Eq. [2], lnZ = 68 is obtained.
Using this value, d = 435 nm is calculated from Eq. [3],
which is close to the grain size determined experimen-
tally by TEM (500 nm), despite the different composi-
tions of the current alloy and the material for which
Eq. [3] had been obtained.

2. Crystallographic texture analysis after HIP+DPD
The recalculated pole figures measured on faces (1)

and (2) are shown in Figures 8(a) and (b), respectively.
The analysis of the pole figures obtained on face (1)
highlights a 220h i-fiber texture denoted as B ( 220h i
preferential orientation along X11 and isotropy in the

Fig. 6—TEM micrographs showing the microstructure of the sam-
ples processed by HIP+DPD: (a) TEM view on face (1) (perpendic-
ular to X11) and (b) TEM view on face (2) (perpendicular to X12).

Fig. 7—(a) EBSD image obtained on the impacted surface of the
HIP+DPD sample and (b) the corresponding boundary misorienta-
tion distribution.
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(X21, X31) plane). This is indeed the classic texture
found after uniaxial compression in fcc materials. In
the current case, isotropy is not complete and a
reinforcement of this fiber texture is found close to
the component denoted as A, which can be identified as
being of the f124g 23�2

	 

type. Figure 8(b) shows that

the texture components A and B are also present on
face (2) but with lower intensities than the texture
measured on face (1), indicating some through-thick-
ness texture inhomogeneity of the impacted sample. To
investigate this issue, the pole figures obtained from
face (1) (Figure 8(a)) were rotated by 90 deg around
X21 (plotted in Figure 8(c)) and compared with the pole
figures obtained from face (2) (Figure 8(b)). The
comparison reveals that whereas the texture compo-
nents A and B are still present in Figure 8(c), the
overall pole figures deviate strongly from those shown
in Figure 8(b). This result strongly suggests through-
thickness texture heterogeneity exists as a consequence
of DPD processing.

3. Line profile analysis after HIP+DPD procedure
The results of an X-ray line profile analysis are

summarized in Table II.
The dislocation density obtained immediately after

HIP + DPD processing (1.5 ± 0.2 3 1014 m�2) is close
to the saturation dislocation density
(1.8 ± 0.3 3 1014 m�2) achieved by the ECAP method
in 4N-purity Al at RT.[32] At the same time, the mean
crystallite size after HIP + DPD (174 ± 15 nm) is
smaller than the saturation value obtained by ECAP
(272 ± 30 nm[32,33]) similarly to the grain size, which is

approximately 500 nm after HIP + DPD and approx-
imately 1 lm for the ECAP-processed sample. The
smaller grain and crystallite sizes in the current case can
be explained by the higher pinning effect of the larger
impurity content in grain boundaries. It is noted that the
smaller crystallite size measured by an X-ray line profile
analysis compared with the grain size obtained by TEM
is a typical phenomenon in severely deformed metals.[32]

This can be attributed to the fact that the crystallites are
the domains in the microstructure, which scatter X-rays
coherently. Because the coherency of X-rays is broken
even if they are scattered from volumes with small
misorientations (1 to 2 deg), the crystallite size corre-
sponds to the subgrain size in severely deformed
microstructures.[32] In addition, Table II indicates that
this mean crystallite size remained unchanged within the
experimental error during the quasi-static compression
test or during the storage of the samples after DPD
processing. The dislocation density decreased only
slightly during storage for 3 months at RT. The recrys-
tallization is prevented by the total impurity content,
1.2 wt pct, calculated from Table I. Therefore, the
HIP + DPD procedure seems to be an efficient method
for processing stable UFG Al in a short time.

B. Mechanical Properties in Quasi-Static Compression
Conditions

1. Macroscopic description of the mechanical behavior
The solid curves in Figure 9(a) show the true stress–

true plastic strain (limited to a plastic strain of e = 0.4)
data for the DPD-processed and the HIP-consolidated
samples obtained by quasi-static compression testing at
RT and at a strain rate of 1.8 9 10�4 seconds�1.
Samples X1 and X2 were compressed along axes parallel
and perpendicular to the impact direction, respectively
(Figure 2). To illustrate the reproducibility of the
compression measurements, additional samples were
fabricated from the DPD-processed disk in the same
way that specimens X1 and X2 were created. These
complementary stress–strain data are shown as dashed
curves in Figure 9(a). In the following, only the stress–
strain curves represented by the solid curves are evalu-
ated in detail because the microstructures of these
specimens were investigated in the previous sections.
Sample X1 exhibits a long hardening regime followed by

Fig. 8—Recalculated pole figures showing the measured textures: (a)
on face (1) and (b) on face (2). The pole figures in (a) were rotated
by 90 deg around X21 and plotted in (c). See text for more details.

Table II. The Parameters of the Microstructure Obtained
by X-Ray Line Profile Analysis

Sample
Mean

Crystallite Size
Dislocation
Density

HIP+DSPD 174 ± 15 nm (1.5 ± 0.2) 9 1014 m�2

HIP+DSPD
after 3 months
at RT

149 ± 15 nm (1.0 ± 0.2) 9 1014 m�2

Compressed in
X1 direction

175 ± 15 nm (1.2 ± 0.2) 9 1014 m�2

Compressed in
X2 direction

176 ± 15 nm (1.0 ± 0.2) 9 1014 m�2
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a flow stress plateau, unlike sample X2, which softens
immediately after a short stress plateau. The yield
strength of sample X2 (~120 MPa) is slightly higher than
that of sample X1 (~103 MPa); nevertheless, the max-
imum flow stress values for the two specimens are close
to each other (148 and 156 MPa, respectively). Because
of the softening exhibited by sample X2, the flow stress
at a plastic strain of 0.4 is smaller (~137 MPa) than the
corresponding value for sample X1 (~156 MPa). The
yield strength was calculated from the grain size
(500 nm) by the Hall-Petch equation for Al using a
friction strength of r0 = 11 MPa and a Hall-Petch

slope of kH = 115 MPa lm1/2.[34] The experimental
yield strength is lower than the value calculated from
the Hall-Petch formula (174 MPa). This may be
explained by the activity of additional deformation
mechanisms besides the dislocation motion in the grain
interiors. For instance, the contribution of grain bound-
ary sliding to plasticity even at RT has been proved
recently in Al with a grain size of 1 lm.[35] In the current
material, the grain size is even smaller, promoting the
occurrence of deformation processes at grain boundaries
that may result in the deviation of the yield strength
from the value obtained by the Hall-Petch relationship.
A wealth of literature addressed the effect of strain-

path change in metals and alloys.[36–38] Rauch and
Schmitt[39] reported on different situations when simple
shear tests were performed on mild steel samples
predeformed by tension. The authors showed that the
resulting macroscopic behavior depends strongly on the
angle (a) between the tensile and the shear directions. In
particular, for a = 90 deg, the yield strength is maxi-
mized and the stress–strain curve then exhibits softening
behavior similar to that exhibited by the sample tested
along the X2 direction. This behavior of the mild steel
samples was explained by the destabilization of intra-
granular structure formed during predeformation.
Such anisotropy in the initial flow stress and work

hardening was also reported for the uniaxial loading of
UFG metals prestrained by ECAP.[40–43] For instance,
Alexander and Beyerlein[44] reported on the anisotropy
of the mechanical properties of high-purity copper
processed by ECAP. The authors showed that the
ECAP-processed material was mechanically anisotropic,
with a larger compression strength along the transverse
direction (using the standard notation for ECAP[45])
than that along the other directions. In addition, work
softening occurred after a strain of approximately 1 pct
along this direction, whereas slight but positive work
hardening occurred along the other directions; this
behavior is similar to that observed here for samples X2

and X1, respectively. The large initial strength along the
transverse direction and the subsequent softening may
be caused by the ‘‘cross effect’’ of dislocations: The
dislocation walls formed along the slip planes that are
active during prestrain will act as barriers to the
propagation of other slip systems activated after
strain-path change.[46] The subsequent work softening
is a consequence of the recovery of the previously
formed dislocation structure.[40] However, this effect is
usually transient and followed by a strain hardening at a
strain of approximately 0.1 to 0.2. In our case, such a
hardening was not observed for sample X2 up to a strain
of 0.4 (Figure 9(a)); therefore, the ‘‘cross effect’’ cannot
be the sole reason for the anisotropic mechanical
behavior of the current DPD-processed sample.
In our previous paper,[20] in addition to the material

whose behavior is described in this article, another
sample was prepared by DPD at a falling mass velocity
of 9.2 m/s corresponding to an initial strain rate of
438 seconds�1, which is higher than that for the current
case. The quasi-static compression stress–strain data for
the specimen treated by DPD at an initial strain rate of
438 seconds�1 were plotted in Figure 4(b) of Reference 20.

Fig. 9—(a) Mechanical behavior under quasi-static compression tests
at a strain rate of ~1.8 9 10�4 seconds�1 for samples X1 and X2.
The solid and dashed curves illustrate the reproducibility of the
stress-strain data. For comparison, the behavior of the specimen
processed by HIP is also shown. (b) The geometrical hardening evo-
lution in term of Taylor factor, M along directions X1 and X2.
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For that sample, softening was observed under quasi-
static compression not only along direction X2 but also
along direction X1, although the degree of softening was
higher for the former direction. The yield strength was
larger for both directions in the case of higher DPD
strain rate. Most probably, the higher strain rate yielded
a much larger dislocation density than the saturation
value at RT, which decreased during subsequent quasi-
static compression, leading to a softening even along
direction X1; this situation is similar to that proposed in
Reference 47. Along direction X2 this effect is superim-
posed on the effect of strain-path change, leading to a
stronger softening.

Among other substructural features that could lead to
an orientation dependence of the mechanical response,
crystallographic texture anisotropy might also play a
significant role.[37] Indeed, Li[40] reported that the
anisotropy in the initial flow stress can be reasonably
related to crystallographic texture.

To determine whether texture might be partially
responsible for the differences in the yield strength and
the strain hardening between samples X2 and X1, some
compression tests were simulated from the measured
initial textures with a viscoplastic Taylor model. The
calculated Taylor factorM is presented in Figure 9(b) as
a function of strain. The value of M for sample X2 is
larger than that for sample X1 when the compression
begins. This is in line with the higher yield strength for
the former specimen. Furthermore, the Taylor factors
for samples X2 and X1 decrease and increase, respec-
tively, with increasing strain, which can explain the
softening and hardening during compression along axes
X2 and X1, respectively. This indicates that the observed
mechanical behaviors are indeed partly caused by the
texture. It is noted that the ratio of the two initial M
values (1.04) in Figure 9(b) is less than the ratio of the
initial measured yield strength values (1.14), suggesting
that other phenomena, such as the ‘‘cross effect’’ may
also contribute to the anisotropic mechanical behavior
of the DPD-processed sample. Furthermore, the differ-
ence in the effective grain size along various directions
may also affect the material’s strength because the grains
are flattened during DPD.

2. Texture evolution analysis of the compressed
samples

Figures 10(a) and (b) show the results of crystallo-
graphic texture measurements carried out after com-
pression tests at RT up to e ~ 0.5 along the faces lying
perpendicular to the compression axis for samples X1

and X2, respectively. The most striking feature is the
strengthening of the texture (in particular component A)
for sample X1 (Figure 10(a)), whereas in sample X2 the
texture weakens and the grain orientations are random-
ized (Figure 10(b)). As expected (and confirmed by the
simulations presented previously), the crystallographic
texture (mainly composed of a 220h i fiber) remains
stable when the sample is compressed along X1 (this
corresponds to a monotonic loading sequence); mean-
while, it is destabilized when compressed along X2 (this
corresponds to a change in strain path). This strain-
path change could also lead to dislocation structure

destabilization, which could in turn contribute to
macroscopic softening.

3. TEM investigations after quasi-static compression
After quasi-static compression of samples X1 and X2

up to a plastic strain of e ~ 0.5, TEM investigations were
carried out on both faces lying perpendicular and
parallel to the compression axis. In the case of sample
X1, the microstructure along the face perpendicular to
the compression axis exhibits equiaxed grains (or
subgrains) with a balanced mixture of LAGBs and
HAGBs (see Figure 11(a)), the latter showing fringe
contrasts that are characteristic of recovered/recrystal-
lized microstructures, as reported in.[48] Figures 11(b)
and (c) show the deformation microstructures on a
plane lying parallel to the compression axis for sample
X1. Figure 11(b) illustrates a band of approximately
2 lm in thickness that contains ultrafine grains (mean
size of approximately 500 nm) whose interiors are
populated with dislocations. It is noted that a disloca-
tion-free grain in the center of Figure 11(b) has a highly
curved boundary, suggesting that this grain has grown
at the expense of the neighboring grains populated by
dislocations. Figure 11(c) shows another characteristic
feature, namely a band (whose boundaries are indicated
by arrows) of equiaxed grains. Outside the band, there
are two grains (marked by A and B) with flat interfaces
along the band. Actually, the observed microstructure
resembles that shown in Figure 6(b); therefore, it is
believed to be a fingerprint of substructures introduced
by DPD processing. This observation confirms the fact
that the DPD microstructure is stable under subsequent
straining at RT (similarly to the texture) when the
deformation axis is not changed relative to the direction
of the former impact test. Therefore, in this case, no
work softening as a result of microstructure instability is
expected to occur.
Figure 12 illustrates the different features of the

deformed microstructures of sample X2. The micro-
structure along the plane perpendicular to the compres-
sion axis contains elongated grains (Figure 12(a))

Fig. 10—The crystallographic texture in terms of [111], [200], and
[220] pole figures measured after compression on the faces perpen-
dicular to the compression axes for samples X1 (a) and X2 (b).
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Fig. 11—TEM micrographs obtained after quasi-static compression test for sample X1. The thin foils are perpendicular and parallel to the com-
pression axis in (a) and (b, c), respectively.

Fig. 12—TEM micrographs obtained after quasi-static compression test for sample X2. The thin foils are perpendicular and parallel to the com-
pression axis in figures (a) and (b), respectively.
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similar to those observed immediately after DPD
processing. The elongated grains are most probably
caused by the passage of a shear band. In contrast, the
microstructure along a plane parallel to the compression
axis consists of exclusively equiaxed grains, as shown in
Figure 12(b). In addition, dislocation-free grains with
curvature toward the neighboring grains populated by
dislocations are also observed in this study. It was
reported recently that new grains can develop dynam-
ically because of the pronounced bulging of preexisting
grain boundaries caused by high stored energy or an
orientation gradient.[49] Although the occurrence of
dynamic recrystallization could not be strictly confirmed
here (additional investigations are needed), it can be
stated that during deformation after strain-path change,
strong strain gradients might develop at grain bound-
aries in the vicinity of shear bands,[48] which promote
recrystallization during the early stages of deformation.
Nevertheless, TEM investigations revealed that the
grain structure developed during DPD processing
remained stable during subsequent compression; how-
ever, limited recovery/recrystallization might occur at
shear bands.

IV. CONCLUSIONS

Hot isostatic pressing and dynamic plastic deforma-
tion have been combined to produce Al samples with
UFG microstructure. The study of the microstructure
and the mechanical behavior yielded the following
results:

1. The sample consolidated by HIP has an average
grain size of 2 lm, which was refined to approxi-
mately 500 nm after DPD processing. The latter
grain size is smaller than that achieved by ECAP
(approximately 1 lm) at room temperature. The
combination of HIP and DPD resulted in a UFG
microstructure with a strong 220h i-fiber texture.
The dislocation density was 1.5 ± 0.2 9 1014 m�2,
which is close to the saturation dislocation density
(1.8 ± 0.3 9 1014 m�2) achieved by the ECAP
method at room temperature. The UFG microstruc-
ture obtained by dynamic severe plastic deforma-
tion seems to be stable because only a slight
decrease in the dislocation density was observed
and the grain size remained unchanged during stor-
age for several months at RT.

2. The shape of grains is equiaxed and slightly elon-
gated along the planes perpendicular and parallel to
the DPD loading direction, respectively. During
subsequent quasi-static compression up to a plastic
strain of ~0.5, the shape of grains remained
unchanged along both planes.

3. The sample processed by HIP+DPD shows aniso-
tropic mechanical behavior. The sample that was
compressed parallel to the impact direction exhib-
ited a long hardening stage followed by a flow stress
plateau. At the same time, when the compression
axis was perpendicular to the impact direction, soft-
ening occurred immediately after a short hardening

regime. Our calculation showed that this aniso-
tropic behavior can be attributed partially to the
various values of the Taylor factor along different
directions because of the texture formed during
DPD and also during subsequent compression. It
was also revealed that this effect can result in lower
mechanical anisotropy than that observed experi-
mentally. Therefore, other mechanisms such as
microstructure destabilization caused by a strain-
path change should also be active.
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46. I.J. Beyerlein and C.N. Tomé: Int. J. Plast., 2007, vol. 23, pp. 640–

64.
47. T. Ungár, L. Li, G. Tichy, W. Pantleon, H. Choo, and P.K. Liaw:

Scripta Mater., 2011, vol. 64, pp. 876–79.
48. C.P. Chang, P.L. Sun, and P.W. Kao: Acta Mater., 2000, vol. 48,

pp. 3377–85.
49. N. Dudova, A. Belyakov, T. Sakai, and R. Kaibyshev: Acta

Mater., 2010, vol. 58, pp. 3624–42.

1322—VOLUME 43A, APRIL 2012 METALLURGICAL AND MATERIALS TRANSACTIONS A

http://www.labosoft.com.pl

	Ultrafine-Grained Aluminum Processed by a Combination of Hot Isostatic Pressing and Dynamic Plastic Deformation: Microstructure and Mechanical Properties
	Abstract
	Introduction
	Experimental Procedures
	Results and Discussion
	Microstructure Investigations
	Analysis of the microstructure by TEM
	Crystallographic texture analysis after HIPhairsp+hairspDPD
	Line profile analysis after HIPhairsp+hairspDPD procedure

	Mechanical Properties in Quasi-Static Compression Conditions
	Macroscopic description of the mechanical behavior
	Texture evolution analysis of the compressed samples
	TEM investigations after quasi-static compression


	Conclusions
	Acknowledgments
	References


