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a b s t r a c t

Supersaturated Cu–3 at.% Ag alloy was rolled at liquid nitrogen temperature and then annealed at 623 K
up to 120 min. The evolution of the microstructure as a function of annealing time was studied. In the
initial stage of the heat-treatment a heterogeneous microstructure was developed where both the
dislocation density and the solute Ag concentration in the Cu matrix varied considerably. In the regions
where the initial Ag particles have a very small size and/or large Cu/Ag interface energy, dissolution
occurred due to the Gibbs–Thomson effect while in other volumes the solute Ag concentration decreased
to the equilibrium level. In the regions where the solute Ag concentration increased due to dissolution, a
considerable fraction of dislocations formed during rolling was retained in the Cu matrix after annealing.
In the volumes where the solute Ag content decreased due to precipitation, significant reduction in the
dislocation density was observed. The evolution and the stability of this heterogeneous microstructure
were investigated experimentally and discussed using model calculations.

� 2014 Elsevier B.V. All rights reserved.
1. Introduction

The mechanical properties of metallic materials can be
improved by severe plastic deformation (SPD) techniques [1,2].
The increase in the lattice defect densities (such as dislocations)
and the grain refinement during SPD result in enhancement of
strength. The SPD-induced strength can be further improved by
alloying as the additive elements have a pinning effect on disloca-
tions and grain boundaries [3–5]. Solute atoms increase the critical
resolved shear stress needed for dislocation glide which can be
expressed as Ds = 0.0014Gd3/2cn, where G is the matrix shear mod-
ulus, d is the relative change of lattice constant of the matrix per
unit solute atom concentration and the exponent n equals 1/2
and 2/3 for dilute and more concentrated solid solutions, respec-
tively [6]. The strengthening effect of solute atoms increases with
increasing the difference between the atomic radii of solute and
solvent atoms. However, for dilute alloys the shear strength
increment usually remains under 10 MPa, even if the atomic radius
difference reaches 15–20%, as for instance in the cases of Al–Mg or
Cu–Ag binary systems [7]. At the same time, the solute atoms have
an indirect hardening effect by increasing the density of disloca-
tions due to hindering their annihilation. It has been shown [8] that
1 and 3 at.% Mg in severely deformed Al yielded a two and twelve
fold rise in dislocation density, respectively. In the latter case, the
shear stress increment due to the rise of the dislocation density
was one order of magnitude larger than the direct hardening effect
of Mg solute atoms. When the alloying elements form precipitates,
the annihilation of dislocations is also hindered, but this effect
strongly depends on the size and the distribution of precipitates
in the matrix, as well as on the nature of interface between the
matrix and the secondary particles. If the spacing between the pre-
cipitates is larger than the distance between dislocations with
opposite signs and/or the interfaces are coherent or semicoherent
(i.e. the precipitates are shearable), the secondary particles only
weakly hinder the dislocation annihilation.

The concentration of the alloying element before SPD can
be raised even to the supersaturated level via a solution heat-
treatment and subsequent quenching which further increases the
mechanical strength [9]. However, it was also revealed that the
increase of the strength in SPD-processed ultrafine-grained (UFG)
materials is accompanied by a reduction of the tensile ductility
due to the loss of strain hardening capacity of the samples [10].
Short-time heat-treatments after SPD were successfully applied
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in order to increase the ductility considerably while retaining the
high strength [11,12]. During annealing following SPD-processing
usually a heterogeneous structural relaxation (i.e. recovery and
recrystallization) occurs. Therefore, during a subsequent tensile
test the dislocation density can increase in the relaxed volumes,
leading to a considerable strain hardening which results in an
improved ductility of the material.

Cu–Ag alloys have important practical applications such as con-
ductor materials in high-field magnets [13,14]. The requirements
for conductor materials in pulsed high field magnets are the fol-
lowings: high mechanical strength in order to resist Lorentz force,
high electrical conductivity to prevent Joule’s heating and reason-
able ductility in order to allow coil winding [15]. SPD-processing of
Cu–Ag alloys can improve their strength [16–18], however the duc-
tility is usually reduced concomitantly [17,19]. A recent report [17]
has shown that a combination of high strength and good ductility
can be achieved in supersaturated Cu–3 at.% Ag alloy by annealing
after rolling at liquid nitrogen temperature (LNT). This cryo-rolled
sample exhibited high ultimate tensile strength (UTS) with the
value of �710 MPa and negligible uniform elongation (�1%). After
annealing for 5 min at 648 K, the UTS decreased only by �60 MPa
while the uniform elongation was significantly improved from 1%
to 8%. These changes in the mechanical properties were attributed
to the partial recovery and/or recrystallization of the UFG micro-
structure. However, a systematic study of the evolution of the
phase composition and the defect structure during annealing of
SPD-processed supersaturated Cu–Ag alloys is missing from the
literature.

In this paper, the evolution of the microstructure in cryo-rolled
Cu–3 at.% Ag alloy during isothermal annealing at 623 K up to
120 min is studied in detail. The processes leading to the formation
of an inhomogeneous microstructure are described experimentally
and discussed theoretically. It will be shown that the heterogeneity
of the dislocation structure is mainly caused by the development of
an inhomogeneous solute Ag concentration in the initial stages of
annealing. This investigation also reveals the thermal stability of
the cryo-rolled microstructure in supersaturated Cu–3 at.% Ag
alloy which is an important issue from the point of view of practi-
cal applications of this SPD-processed material.
Fig. 1. The fitting of the X-ray diffraction pattern for the cryo-rolled Cu–3 at.% Ag by
the eCMWP method. The open circles and the solid line represent the measured
data and the fitted curves, respectively. The intensity is in logarithmic scale.
2. Material and methods

Cu–3 at.% Ag alloy was prepared by induction melting in Ar atmosphere from
high purity (99.9%) elements and casting them into 15 � 15 � 150 mm3 graphite
moulds. The alloy was homogenized at 750 �C (1023 K) for 5 h and subsequently
water quenched. The homogenized plate was subjected to cryo-rolling at LNT
(�77 K). The starting and the final thicknesses were 15 and 2 mm, respectively.
The thickness reduction was achieved in multiple passes with about 10% reduction
per pass. After each pass, the plate was immersed in liquid nitrogen for 2 min before
further reduction. The rolls were not cooled. The total thickness reduction was 85%
which corresponds to a logarithmic strain of �2. Liquid nitrogen cooling ensures
that the heating of the sample during cold work does not yield a temperature rise
that might cause recovery or recrystallization.

Analysis of differential scanning calorimetry measurements at a heating rate of
10 K/min showed that recovery and recrystallization in the cryo-rolled sample start
in the region of �623–648 K [17]. In order to investigate the evolution of the micro-
structure during annealing, cryo-rolled samples were heat-treated isothermally at
623 K for 5, 10, 15, 20, 30, 45, 60, 75, 90 and 120 min. The effect of this annealing
on the microstructure was investigated by X-ray diffraction (XRD). The variation
of the solute Ag concentration in the Cu matrix due to annealing was determined
from the change of the lattice parameter as obtained by XRD using a Philips Xpert
H–2H powder diffractometer with Cu Ka radiation (wavelength: k = 0.15418 nm).
The lattice constant was calculated by the Nelson–Riley extrapolation method [20].

The microstructure in the Cu matrix was characterized by X-ray line profile
analysis (XLPA). For this investigation the X-ray diffraction patterns were measured
by a high-resolution rotating anode diffractometer (type: RA-MultiMax9, manufac-
turer: Rigaku) using Cu Ka1 (k = 0.15406 nm) radiation. The surface area of the
samples irradiated by X-rays was 4 � 10�5 m2 which is about nine orders of mag-
nitude larger than the characteristic structural element areas (e.g. the square of
the crystallite size or the square of the average dislocation distance). Therefore,
the XLPA measurements have very good statistics. For each sample only one
measurement was performed, as our former experiments have revealed that the
repeated measurements yielded smaller deviations in the results than the uncer-
tainties in the evaluation of a single X-ray diffraction pattern. Two-dimensional
imaging plates were used to detect the Debye–Scherrer diffraction rings. The line
profiles (perpendicular to the rings) were obtained by integrating the two dimen-
sional intensity distribution along the rings. The X-ray diffraction line profiles were
evaluated for the microstructure by the extended Convolutional Multiple Whole
Profile (eCMWP) fitting method [21]. In this procedure, the diffraction pattern is
fitted by the sum of a background spline and the convolution of the instrumental
pattern and the theoretical line profiles related to the crystallite size, dislocations
and twin faults. In the calculation of the theoretical profile functions it is assumed
that the crystallites have spherical shape with log-normal size distribution and the
strain is caused by dislocations. Strain anisotropy is taken into account by the dis-
location contrast factors. In order to increase the speed of the eCMWP procedure,
instead of the convolution of the different profile components caused by the micro-
structure, each theoretical peak profile is calculated as the inverse Fourier transfor-
mation of the product of the theoretical size, dislocation and twin faulting Fourier
transforms. In the cases of size and dislocation broadening, the Fourier transforms
of the profiles can be expressed in analytical forms, as shown in Refs. [22,23],
respectively. The Fourier transform of each reflection caused by twin faults can
be calculated as the sum of the Fourier transforms of the different subreflections
[24]. More details about the eCMWP procedure can be found in Refs. [21,22]. As
an example, the fitting for the cryo-rolled specimen is shown in Fig. 1. The following
characteristic quantities of the microstructure were obtained from the eCMWP
fitting procedure: the median and the log-normal variance of the crystallite size
distribution, the dislocation density and the twin boundary probability. The area-
weighted mean crystallite size (hxiarea) was calculated from the median (m) and
the log-normal variance (r2) of the assumed log-normal crystallite size distribution
as:hxiarea = m�exp(2.5r2). The twin boundary probability is defined as the fraction of
twin faults among the {111} lattice planes.

Complementary transmission electron microscopy (TEM) investigations were
carried out on the cryo-rolled specimen and the samples annealed at 623 K for short
(10 and 20 min) and long (120 min) times. TEM lamellae were prepared with spe-
cial care to avoid additional unwanted annealing of the samples. Low temperature
glue (GATAN G1) was used at 60 �C to fix the sample in the 3 mm diameter Ti disk.
Ion milling was carried out at 7 keV with continuous cooling of the sample by liquid
nitrogen. TEM examinations were performed in a JEOL 3010 operated at 300 keV.
Images and diffraction patterns were recorded with a GATAN Orius camera. The dif-
fraction patterns were indexed with the help of the ProcessDiffraction program
[25]. Distances in the Moiré pattern were measured with the commercial Digital
Micrograph program.
3. Results

The Ag solute content in the Cu matrix was determined from the
lattice parameter measured by XRD. The relative experimental
error of the lattice parameter for the alloy was only about
3 � 10�4. However, the deviation of the alloy lattice constant from
the value characteristic for pure Cu was about three orders of
magnitude smaller than the lattice parameter itself. Therefore, the
relative error of the solute Ag content was as large as 10–30%.
According to Ref. [26], the lattice constant dependence on Ag con-
centration in Cu can be described by a second-order polynomial.
However, for dilute alloys (at least up to 10% Ag concentration) this



Fig. 2. TEM bright-field images of the microstructure in the cryo-rolled state (a),
and after annealing for short times of 10 min (c) and 20 min (d) at 623 K. (b) Dark-
field TEM image of Ag precipitates (light spots) in the cryo-rolled sample. The
numbers 1 and 2 indicate Regions 1 and 2, respectively. (e) is obtained by tilting
the specimen in (d) by three degrees. A part of the strained region indicated by the
white rectangle in (e) is shown with higher magnification in (f).

Fig. 3. The eCMWP fitting for reflection (220) of the Cu–3 at.% Ag sample in cryo-
rolled state, and after annealing for 20 min at 623 K. The symbols and the solid lines
represent the measured data and the fitted curves, respectively. The diffraction
peak in the annealed condition is a sum of two reflections related to Regions 1 and 2
having different average lattice parameters (for details see the text). In this figure
the integrated intensity (the area under the peak after background subtraction) is
normalized to unity for both cryo-rolled and annealed states.
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relationship can be well approximated by a linear function in which
1 at.% Ag in solution yields an increment of �0.0007 nm in the lat-
tice parameter of Cu (the lattice parameter of pure Cu is
0.3615 nm). Based on this, the Ag concentration in the Cu matrix
of the cryo-rolled sample was determined to be 1.0 ± 0.1 at.%. As
the total concentration of Ag in the base alloy is 3 at.%, about
2 at.% Ag is expected to be present as secondary Ag-rich phase.
Indeed, Ag peaks were observed in the XRD pattern of the cryo-
rolled sample (see Fig. 1). According to the equilibrium phase dia-
gram of the Cu–Ag system, the solubility limit of Ag in Cu is 4 at.%
at 750 �C, therefore during the homogenization heat-treatment all
Ag atoms were dissolved in the Cu matrix. The Ag precipitates
observed in the as-rolled samples most probably developed during
cryo-rolling, as SPD-processing could promote precipitation [27].
The SPD-induced precipitates are favorably formed at lattice
defects (e.g. at dislocations), therefore their chemical composition
and interface structure may differ from those observed in an undis-
torted lattice. Nevertheless, the Cu matrix with �1 at.% solute Ag
concentration after rolling is in supersaturated state since the
equilibrium solubility limit of Ag in Cu is below 0.1 at.% at RT.

The microstructural parameters of the Cu matrix in the cryo-
rolled sample were obtained by XLPA. The crystallite size in the
as-rolled condition (�30 nm) is much smaller and the dislocation
density is significantly higher (�48 � 1014 m�2) than the values
reported in pure Cu processed by different SPD methods [28–30].
This observation can be explained by the pinning effect of Ag on
dislocations and grain boundaries formed during SPD and the
low temperature of deformation (LNT). The twin boundary proba-
bility was 0.5 ± 0.1%. The UFG microstructure in the rolled material
is illustrated in the TEM image of Fig. 2a taken in the RD-TD plane
(RD: rolling direction, TD: transverse direction). It should be noted
that the grain size is much larger than the crystallite size obtained
by XLPA which is in accordance with earlier studies and can be
explained by the fact that the crystallite size usually corresponds
to the subgrain size in severely deformed microstructures [31].
The dark-field TEM image in Fig. 2b was obtained for the cryo-
rolled sample using an Ag reflection. In this area the Ag precipitates
are equiaxed with the size of a few nanometers.

After annealing the cryo-rolled sample, each diffraction peak of
the Cu matrix splits into two components. As an example, Fig. 3
shows reflection (220) for the sample annealed for 20 min. For
comparison, the same reflection for the cryo-rolled specimen is
also presented. The splitting of the peaks is probably caused by
the development of an inhomogeneous solute atom distribution
in the Cu matrix during annealing, resulting in a variation of the
lattice parameter of the Cu matrix. Each line profile was evaluated
by fitting it with the sum of two profile components having differ-
ent Bragg-angles which correspond to two distinct regions of the
matrix having different average lattice parameters. It should be
noted that most probably the description of the distribution of
the solute concentration by only two distinct solute contents is a
simplification. Nevertheless, this procedure characterizes the
inhomogeneity of the chemical composition of the matrix. The
Ag solute concentrations in the two regions of the matrix have
been determined from the lattice parameters of the two Cu phases
obtained from the sub-profile positions and shown as a function of
annealing time in Fig. 4a. It is noted that the solid curves in Fig. 4
serve only as guide to eyes. The volumes with low and high Ag con-
tents are referred to as Regions 1 and 2, respectively. The peaks of
Regions 1 and 2 are at higher and lower diffraction angles, respec-
tively. In Region 2, the solute Ag content increased from �1 at.% to
2.6 ± 0.3 at.% within 5 min annealing and it decreased slightly to
1.9 ± 0.3 at.% with increasing annealing time up to 75 min. For
longer durations of heat-treatment the solute Ag concentration in
Region 2 was not determined due to the low volume fraction of this
region (see below). In Region 1, the solute Ag concentration
decreased to 0.3 ± 0.1 at.% during the first 10 min of annealing
and remained unchanged within the experimental error up to
120 min. This value agrees with the equilibrium Ag concentration
in Cu at 623 K (0.33%) within the experimental error. The increase



Fig. 4. The variation of the solute Ag concentration (a), the X-ray intensity fraction, (b) the dislocation density (c) and the crystallite size (d) for Regions 1 and 2 in the Cu
matrix as a function of annealing time. The solid curves serve only as guide to eyes.
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and the decrease of solute Ag concentration during annealing sug-
gest the dissolution and the precipitation of Ag in Regions 2 and 1,
respectively.

The changes in the fractions of Regions 1 and 2 in the Cu matrix
and the Ag precipitates are described by the variation of the rela-
tive diffraction peak intensities of these phases in the X-ray pat-
terns. The sum of the areas under the diffraction peaks (i.e. the
integrated intensity) for each phase was determined in the diffrac-
tion angle range 2H = 30–140�. It is noted that the intensity frac-
tions of the different phases do not agree with their volume
fractions due to the different atomic scattering factors and densi-
ties of Cu and Ag. Fig. 4b shows the X-ray intensity fractions as a
function of annealing time. In the cryo-rolled state, the relative
intensity of the Ag phase is 8 ± 1% which decreased to 5 ± 1% after
5 min annealing and remained unchanged within the experimental
error up to 30 min. This observation is in accordance with the dis-
solution of Ag precipitates in Region 2. In this period, the fractions
of Regions 1 and 2 are �60% and �35%, respectively. Between 30
and 120 min the fractions of Regions 1 and 2 increased and
decreased, respectively. This indicates that precipitation occurred
in Region 2 which reduced the solute Ag concentration to the equi-
librium value (�0.3 at.%). After 120 min annealing, the fraction of
Region 2 – where the dissolution of Ag had occurred in the begin-
ning of the heat-treatment – was practically zero. Concerning the
relative intensity of the Ag phase, it increased gradually to
13 ± 1% between 30 and 120 min in accordance with the reduction
of the fraction of the matrix volume with high solute Ag content
(Region 2).

The variations in the dislocation density and the crystallite size
in Regions 1 and 2 of the Cu matrix as a function of the annealing
time were investigated by XLPA. In the fitting of the experimental
patterns, each theoretical line profile consisted of two peaks corre-
sponding to the two regions. The dislocation density and the crys-
tallite size in Regions 1 and 2 of the Cu matrix were determined
from the fitting and are presented in Fig. 4c and d, respectively.
The results reveal that while in Region 1 the dislocation density
was reduced by about one order of magnitude in the first 10 min,
in Region 2 it decreased only to about half of the initial value
due to the stronger pinning effect of the higher solute Ag concen-
tration. Further annealing up to 75 min resulted in only a slight
change in the dislocation density in Region 2. This indicates that
the dislocation density in Region 2 remained very high
(�20 � 1014 m�2) until this volume transformed to Region 1 by
the strong reduction of the solute Ag concentration due to precip-
itation reaction. Between 75 and 120 min the dislocation density
and the crystallite size in Region 2 were not determined since
the fraction of this region was very low (<10%) for long annealing
times (see Fig. 4b). In Region 1, the dislocation density decreased
to �1 � 1014 m�2 during the first 30 min of annealing, then it
remained unchanged within the experimental error up to
120 min. In Region 2, the crystallite size increased during the first
30 min of annealing due to recovery of the microstructure (annihi-
lation and rearrangement of dislocations into low energy configu-
rations), then it remained unchanged with further annealing up to
75 min. It is noted that the dissolution of Ag particles might also
contribute to the increase of Cu crystallite size, as the volumes of
the former Ag precipitates were occupied by the neighboring Cu
crystallites. At the same time, in Region 1 the crystallite size first
decreased slightly and it increased only for longer annealing times.
The reduction of the Cu crystallite size in the beginning of
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heat-treatment is most probably caused by the growth of the
neighboring Ag particles (as the solute Ag content decreased). For
longer annealing times, the recovery/recrystallization in the matrix
might lead to the increment in the Cu crystallite size. The twin
boundary probability in both regions of the heat-treated Cu matrix
was found to be in the range of 0–0.4% without any clear trend
with the variation of annealing time.

The separation of the microstructure into two regions with a low
and a high defect density is also confirmed by the TEM images pre-
sented in Fig. 2c and d for 10 and 20 min annealing times, respec-
tively. The large grain in the middle of Fig. 2c contains numerous
discontinuous Ag precipitates [32] without noticeable lattice strain,
while the surrounding regions show strain contrast. Most probably,
the former and the latter volumes correspond to Regions 1 and 2,
respectively (denoted by the numbers 1 and 2 in Fig. 2c). Similarly,
a strained volume without Ag particles can be seen in the upper part
of Fig. 2d, while the middle region does not show strain contrast but
it contains Ag precipitates. The strain contrast does not change con-
siderably even if the specimen is tilted by three degrees (see
Fig. 2e). A part of the strained region indicated by the white rectan-
gle in Fig. 2e is shown with higher magnification in Fig. 2f. Individ-
ual dislocations cannot be resolved in these TEM micrographs due
to the very high dislocation density. Additional HRTEM analysis
revealed a local dislocation density of 1016 m�2 in the rolled sample
annealed for 20 min, however the average dislocation density
cannot be determined by this method with good statistics. At the
same time, X-ray line profile analysis can provide this very large
dislocation density with high reliability. Therefore, the two
methods (TEM and X-ray line profile analysis) can be regarded as
complementary methods for the microstructure investigation. After
annealing for longer times the microstructure becomes more
homogeneous in which all Cu grains are coarse and contain discon-
tinuous Ag particles, as illustrated for the sample annealed for
120 min in the TEM image of Fig. 5a. The size of the Cu matrix grains
is 1–4 lm (see Fig. 5a) and they contain many elongated Ag precip-
itates (see the bright- field TEM image in Fig. 5b). The dark-field
Fig. 5. TEM images of the microstructure after annealing for 120 min at 623 K. (a, b)
bright-field images, (c) and (d) dark-field images using Cu and Ag reflections,
respectively.
TEM images shown in Fig. 5c and d were taken from the same area
as Fig. 5b but using only Cu and Ag reflections, respectively. Fig. 5d
reveals that the elongated Ag precipitates consist of equiaxial
grains. The size of 93 Ag grains was determined and the obtained
size distribution was fitted by a log-normal function. The median
and the log-normal variance of the fitted distribution were
m = 22 ± 1 nm and r2 = 0.29 ± 0.01, respectively.
4. Discussion

The decrease of the solute Ag content during annealing in
Region 1 can be easily understood since the cryo-rolled alloy with
the Ag concentration of �1% is supersaturated at 623 K (the equi-
librium solubility limit is 0.33% at this temperature). It is noted
that the solute Ag concentration in Region 1 is 0.3 ± 0.1% for
annealing times equal or larger than 10 min (see Fig. 4a) which
agrees with the equilibrium value of 0.33% within the experimen-
tal error. However, the partial dissolution of Ag precipitates in
Region 2 is surprising at first sight. This observation is confirmed
by the decrease of the relative X-ray intensity for Ag phase from
about 8% to 5% following annealing (see Fig. 4b). The dissolution
of Ag precipitates formed during cryo-rolling could be caused by
their very small size which yielded an enhanced solubility limit
of Ag in Cu. The solubility limit depends on the size of Ag disper-
soids as expressed by the Gibbs–Thomson formula (also referred
to as Ostwald–Freundlich equation) [33,34]:

cd ¼ c1 exp
6cVm

dRT

� �
; ð1Þ

where d is the diameter of the initial Ag precipitates, T is the tem-
perature of annealing (623 K), c1 (0.33 at.%) and cd are the solute
Ag concentrations in the Cu matrix with Ag precipitates having infi-
nitely small curvature (large diameter) and diameter of d, respec-
tively, c is the interface energy between the Cu matrix and the Ag
precipitates, R is the molar gas constant, Vm is the molar volume
of Ag (10�5 m3/mole). The value of c depends on the interface struc-
ture. For instance, the energies of semi-coherent (111)/(111) and
(100)/(100) Ag/Cu interfaces are 0.23 and 0.53 J/m2, respectively
[35]. These values are much lower than that for coherent interfaces
(�1 J/m2) [36]. Previous electron microscopy studies have revealed
both cube-on-cube and hetero-twin orientation relationships
between Cu and Ag phases separated by semi-coherent interfaces
[37–39]. It has also been shown that the size of Ag precipitates
influences the nature of interfaces: below 2 nm misfit dislocations
– which are characteristic features of semi-coherent boundaries –
were not observed in Cu/Ag interfaces, therefore these boundaries
were considered to be coherent [14,40]. Electron diffraction exper-
iments carried out on the present sample annealed for 20 min
revealed that in Region 1 there is cube-on-cube orientation rela-
tionship between Cu and Ag crystallites, as shown in the inset of
Fig. 6. The areas with Moiré fringes correspond to the Ag particles
grown epitaxially to the Cu crystallites. The Moiré pattern is caused
by the difference between the interplanar spacings of (111) planes
in Cu and Ag (the crystallographic direction ½12�3� is perpendicular
to the image plane). The former and the latter spacings are
dCu = 0.2087 and dAg = 0.2359 nm, respectively. According to Ref.
[41] the spacing of the resulted translational Moiré fringes (dM)
can be obtained as:

dM ¼
dAgdCu

dAg � dCu
: ð2Þ

Eq. (2) yields dM = 1.81 nm which agrees with the experimen-
tally determined value of 1.8 nm, confirming that the areas with
Moiré fringes correspond to epitaxially grown Ag particles in the
Cu matrix.



Fig. 6. HRTEM image obtained on the cryo-rolled sample after annealing for 20 min.
The selected area diffraction pattern is also shown in the inset. The areas with Moiré
fringes correspond to epitaxially grown Cu and Ag crystallites.
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Assuming semi-coherent interfaces between Ag and Cu, the
arithmetic average of the energies of (111)/(111) and (100)/
(100) Ag/Cu interfaces (0.38 J/m2) was substituted into Eq. (1).
According to this formula, the solute Ag concentration in the Cu
matrix as a function of the diameter of Ag particles at the temper-
ature of annealing (623 K) is plotted in Fig. 7a (solid line). For
precipitate sizes smaller than �4 nm the value of cd obtained from
Eq. (1) is higher than the average solute Ag concentration
measured in the rolled sample (1 at.%). Therefore, the smaller Ag
nanoparticles in the size distribution start to dissolve into the Cu
matrix during annealing. The size of these small Ag precipitates
decreases while the solute Ag concentration in the surrounding
Cu matrix increases. The question is whether a particle smaller
than �4 nm will be dissolved totally or after a partial dissolution
the process stops since the increased Ag content in the neighboring
matrix reaches the solubility corresponding to the size of the par-
tially dissolved Ag particle. A simple model calculation is proposed
below for the investigation of this effect.

For the simplicity of the calculation, it was assumed that the Ag
particles are spheres in the as-rolled state (see Fig. 2b). Then, the
Cu matrix was divided into cubic volumes in such a manner that
each cube contains only one Ag particle in its center (see Fig. 8).
Fig. 7. The equilibrium Ag solute concentration in the Cu matrix as a function of the size
dashed lines indicate the evolution of the solute concentration if Ag particles with the i
The length of the edges of the cubes is denoted by D. During disso-
lution of Ag particles the diameter of the dispersoids decreases
from d0 to d while the solute concentration increases in the matrix
cube. The Ag solute concentration in percentage (cAg) for a given
value of d can be calculated as:

cAgðdÞ ¼ 100 �
D3 � d3

0p
6

� �
� 0:01

a3
Cu
þ ðd

3
0�d3Þp
6�a3

Ag

D3 � d3p
6

� �
� 1

a3
Cu

; ð3Þ

where aCu = 0.3615 nm and aAg = 0.4086 nm are the lattice parame-
ters of Cu and Ag phases, respectively. The first and the second
terms in the numerator of Eq. (3) correspond to the solute Ag
concentration in the matrix before annealing (�1 at.%) and the dis-
solved Ag concentration due to the decrease of the size of Ag precip-
itates, respectively. The value of D can be obtained from d0 and the
Ag concentration stored in the Ag precipitates in the initial rolled
state (�2 at.%) as:

D3 ¼ d3
0p

6 � 0:02
� a

3
Cu

a3
Ag

: ð4Þ

The dashed lines in Fig. 7a show the evolution of the Ag concen-
tration with decreasing the size of Ag particles for the initial pre-
cipitate diameters of d0 = 2 and 3 nm in the case of c = 0.38 J/m2.
The intersection of the dashed and solid curves denoted by solid
circle corresponds to the case when the Ag concentration around
the partially dissolved precipitate agrees with the equilibrium
value cd corresponding to the actual Ag particle size d. Then, the
dissolution stops as illustrated for the precipitate diameter of
3 nm in Fig. 7a. However, the Ag precipitates smaller than �3 nm
(e.g. 2 nm in Fig. 7a) are dissolved totally which yields a relatively
large increase of the solute Ag concentration in Region 2 of the Cu
matrix. It is noted that the particles with the size between 3 and
4 nm can also be dissolved totally if the solute Ag atoms diffuse
quickly away from these particles to the volumes with low Ag
concentration (e.g. to Region 1).

Fig. 7b shows the solute Ag concentration in the Cu matrix as a
function of the diameter of Ag particles at 623 K for coherent inter-
faces. Due to the higher interface energy (�1 J/m2) compared to the
semi-coherent case, the particle size limit of dissolution is larger
here (10 nm). The dashed lines obtained according to Eq. (3) indi-
cate that the Ag precipitates smaller than 8 nm (e.g. 6 nm in
Fig. 7b) are totally dissolved during annealing at 623 K. Therefore,
the volumes where the dissolution of Ag precipitates occurred dur-
ing annealing (Region 2) are most probably the regions in which
the Ag particles have very small size and/or large specific interface
energy.
of Ag nanoparticles at 623 K for two interface energies of (a) 0.38 and (b) 1 J/m2. The
nitial size of d0 were dissolved in the Cu matrix.



Fig. 8. The model used for the calculation of Ag concentration in the Cu matrix in
the vicinity of partially dissolved Ag particles with the initial size of d0.
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In Region 1, the decrease of solute Ag concentration could occur
by the growth of the existing Ag particles. In this case, the size of
Cu crystallites between the Ag particles should decrease which is
in accordance with the results of XLPA for short annealing periods
(see Fig. 4d). For longer annealing times (P20 min), the Cu crystal-
lite size in Region 1 started to increase most probably due to a
strong recovery and/or recrystallization. In Region 2, both the dis-
solution of Ag precipitates and the recovery/recrystallization in the
Cu matrix yielded an increment in Cu crystallite size.

Due to the spatially heterogeneous dissolution, an inhomoge-
neous dislocation structure was also developed in the Cu matrix
during annealing. In Region 1, the dislocation density strongly
decreased due to the reduced solute Ag atom content while in
region 2 the dislocation density remained relatively high in the
Cu matrix owing to the pinning effect of the increased solute Ag
concentration. This heterogeneous microstructure yielded an
improvement of the ductility while retaining the high strength of
the annealed material as shown in our previous paper [17].

This study also reveals the thermal stability of the partially
recovered/recrystallized microstructure during annealing the
cryo-rolled Cu–3 at.% Ag alloy. Fig. 4 shows that the high disloca-
tion density and the large volume fraction of Region 2 remained
up to 30 min during annealing at 623 K. This means that the com-
bination of high strength and good ductility caused by the bimodal
microstructure (see [17]) is expected to be retained till the end of
this period. Additional investigations are needed to reveal the
mechanical behavior as a function of annealing time. It is noted
that a relatively large dislocation density (1 � 1014 m�2) remained
in the Cu matrix even after annealing for 120 min. Misfit disloca-
tions between Cu and Ag phases probably contribute to this dislo-
cation density and these dislocations are structurally necessary in
the semi-coherent Cu/Ag interfaces [40,42]. It is also worth to note
that the route and the strain of SPD-processing most probably
influence the size and interface energy of Ag precipitates, i.e. SPD
can be applied for interface engineering. Therefore, the functional
properties (strength, ductility, conductivity, etc.) of Cu–Ag alloys
can be tuned by an appropriate selection of the SPD-processing
conditions, the chemical composition, as well as the time and
temperature of annealing.
5. Conclusions

Supersaturated Cu–3 at.% Ag alloy was subjected to cold rolling
and subsequent annealing at 623 K up to 120 min. The effect of this
heat-treatment on the microstructure was investigated and the
following conclusions have been drawn:
1. Shortly after the beginning of annealing (in 5 min) an inhomo-
geneous solute atom distribution developed in the Cu matrix
due to the dissolution of Ag nanoparticles in the regions where
the Ag particles have very small size (a few nanometer) and/or
large specific interface energy with the Cu matrix. In other vol-
umes, the solute Ag concentration decreased to the equilibrium
value by discontinuous precipitation reaction.

2. In the region where the Ag solute content was reduced, the
dislocation density developed during cryo-rolling decreased
by more than one order of magnitude, while in the regions
where the solute concentration increased the dislocation
density in the Cu matrix was reduced only to half of the value
obtained after cryo-rolling. Therefore, the samples annealed
after cryo-rolling exhibited heterogeneous microstructures
where both the dislocation density and the solute concentration
varied considerably.

3. The region in which dissolution occurred exhibited good ther-
mal stability since its fraction (about 35%) with large dislocation
density and high solute Ag content remained unchanged up to
30 min at 623 K. With continued annealing, the volume fraction
of this region gradually decreased and after 120 min annealing
it became practically zero, resulting in a homogeneous equilib-
rium Cu matrix with discontinuous Ag precipitates.
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