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Abstract

Ultrafine-grained materials produced by different severe plastic deformation methods show very high strengths but their tensile
ductility is often very low. In the present work, we demonstrate an approach for retaining high strength while recovering ductility in
a Cu–3 at.% Ag alloy through cold rolling and short-time annealing. X-ray line profile analysis of cold-rolled and annealed samples
reveals the development of a heterogeneous solute atom distribution due to the dissolution of nanosized Ag particles in some regions
of the matrix. In regions with higher solute (Ag) content, the high dislocation density present following rolling is stabilized, while in other
volumes the dislocation density is decreased. High-resolution scanning electron microscopy confirms the presence of regions of varying
Ag content in the matrix. Microstructure analysis of the rolled and annealed samples revealed bimodal grain size, dislocation density and
solute Ag distributions as well as nanosized Ag precipitation. The as-rolled samples exhibit high tensile strengths of �600–700 MPa with
negligible uniform elongation (�1%). After short-time annealing the strength decreases only slightly to �550–620 MPa with significant
improvement in uniform elongation (from 1 to 10%); this is mainly attributed to the bimodal microstructure.
� 2012 Acta Materialia Inc. Published by Elsevier Ltd. All rights reserved.
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1. Introduction

In the last decade, severe plastic deformation (SPD)
techniques such as equal-channel angular pressing (ECAP),
accumulative roll bonding, dynamic plastic deformation
(DPD), multiple compression, high-pressure torsion
(HPT) and severe cold rolling (SCR) have been extensively
studied to achieve grain refinement in polycrystalline met-
als and alloys [1–10]. Most SPD processes require large
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amounts of plastic deformation and special experimental
procedures. Among the above SPD processes, ECAP and
SCR are attractive for commercial exploitation of ultra-
fine-grained (UFG) materials. Deformation at cryogenic
temperatures has also been shown to produce UFG micro-
structures in many face-centered cubic (fcc) metals and
alloys [11–16]. This is due to the suppression of dynamic
recovery which helps in refining the microstructure. Recent
results have shown that the effectiveness of cryogenic defor-
mation (at liquid nitrogen temperature) in grain refinement
depends on the stacking fault energy (SFE) and there is an
optimum SFE at which cryodeformation is very effective
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[17]. The UFG materials produced by the different SPD
methods exhibit very high strengths but the tensile ductility
is often very low (the uniform elongation is <2–3%). This is
primarily due to the absence of work hardening, which in
turn is due to the high defect density in the SPD-processed
materials. The low ductility limits the industrial application
of UFG materials.

Achieving a reasonable ductility in bulk high-strength
UFG materials is still a challenge and current research is
focused on strategies for simultaneous improvement in
the strength and ductility of metallic materials. The differ-
ent approaches proposed to improve ductility are: (i) bimo-
dal grain size distribution [11,18]; (ii) controlled
precipitation through ageing of SPD-processed alloys
[15,16]; (iii) introduction of nanoscale twins [9,14,19]; (iv)
through transformation/twinning-induced plasticity [20];
and (v) control of the grain boundary character [21]. It
may be noted that except for the bimodal grain size
approach, the applicability of the other methodologies is
strongly dependent on the system/composition of the alloy.
Even the bimodal grain size approach is indirectly depen-
dent on the composition if SPD processing followed by
controlled recrystallization annealing is used to produce
the bimodal microstructure, as suggested by Wang et al.
in their work on Cu [11]. However, such an approach when
applied on Ni did not result in the simultaneous improve-
ment in strength and ductility, though a bimodal grain size
distribution was obtained [12]. This is attributed to the
higher SFE of Ni [12]. On the other hand, the approaches
(ii)–(iv) listed above resulted in simultaneous increases in
strength and ductility. Recent research shows that nano-
sized deformation twins (obtained by SPD processing of
low-SFE alloys) increase the strength significantly but the
ductility is still limited [9,14,22]. In most cases, a short-
time/low-temperature annealing of SPD-processed med-
ium/low-SFE alloys with nanosized deformation twins
improves the ductility but at the cost of strength [14,23].
For example, the DPD-processed Cu has a yield strength
of �600 MPa with low uniform elongation and annealing
at 120 �C for 1 h resulted in the decrease in the yield
strength to �300 MPa, while recovering the uniform elon-
gation to �10% [23]. The loss in strength is due to the sig-
nificant decrease in defect density during annealing. It is
clear from the above results that a short-term annealing/
ageing treatment is needed to recover the ductility follow-
ing SPD processing. The question is whether it is possible
to retain the strength of UFG alloys while the ductility is
being recovered. For retaining strength, the recovery/grain
growth/precipitate coarsening has to be controlled.

In the present work, we demonstrate an approach for
retaining high strength while recovering ductility. For this
study, we selected a Cu–Ag alloy, which is a precipita-
tion-hardened material due to the very limited solubility
of Ag in Cu at room temperature (RT). Additionally, this
alloy has medium SFE, and therefore twin formation is
expected during both deformation and annealing. It has
already been reported that a bimodal or multimodal grain
size distribution developed following short-time annealing
at temperatures below recrystallization [11,12]. Cu–Ag
alloys are therefore suitable for combining approaches
(i)–(iii) listed above in order to achieve high strength and
ductility. In the present investigation, SCR at RT and cryo-
genic temperature (at liquid N2 temperature (LNT)) fol-
lowed by short-time annealing was employed to introduce
fine deformation/annealing twins and precipitates in the
microstructure. The microstructure and mechanical prop-
erties after rolling and annealing are studied and the opti-
mum parameters for achieving high strength with
reasonable tensile ductility are identified.

2. Experimental

Cu–3 at.% Ag alloy was prepared by induction melting
(in Ar atmosphere) from high-purity (99.9%) elements
and casting them into 15 � 15 � 150 mm3 graphite moulds.
The alloy was homogenized at 750 �C for 5 h and quenched
in water. The homogenized plates were subjected to rolling
at RT and LNT (�77 K) to a strain of �2. The experimen-
tal details of the rolling are given elsewhere [14,15]. Recrys-
tallization temperatures of the RT and LNT rolled alloys
were established through differential scanning calorimetry
(DSC) with a Diamond calorimeter (Perkin Elmer, USA)
and electrical resistivity measurements. The resistivity of
the base alloy before rolling was measured at RT on
annealed samples (with a gauge length of 7.0 ± 0.2 cm)
using a four-probe technique, and the electrical resistivity
of the rolled alloys was investigated by the same technique
as a function of temperature up to 700 �C with a heating
rate of 0.5 K min�1 in Ar atmosphere. The Vickers microh-
ardness measurements were performed on rolled and
annealed (in the range of 375–450 �C for times of up to
30 min in air) samples using a microhardness tester
(MMT-7, Matsuzawa Co., Japan) with a load of 3 N and
a dwell time of 10 s. The microstructures of the as-rolled
samples as well as the RT and LNT rolled specimens
annealed for 5 min at 400 and 375 �C, respectively, were
studied by X-ray diffraction (XRD), transmission electron
microscopy (TEM) and scanning electron microscopy
(SEM). The microstructure of the Cu matrix in each spec-
imen was studied by X-ray line profile analysis. The X-ray
diffraction patterns were measured by a high-resolution
rotating anode diffractometer (Nonius, FR591) with Cu
Ka1 radiation (wavelength: k = 0.15406 nm). The lattice
constant was determined by extrapolating the lattice
parameters obtained from the different reflections to
2h = 180� by the Nelson–Riley method [24]. The line pro-
files were evaluated for the microstructure by the convolu-
tional multiple whole profile (CMWP) fitting method
[25,26]. In this procedure, the diffraction pattern is fitted
by the sum of a background spline and the convolution
of the instrumental pattern and the theoretical line profiles
related to the crystallite size, dislocations and twin faults.
Because of the UFG microstructure of the studied samples,
the physical broadening of the profiles was much larger



Fig. 1. (a) Derivative of the electrical resistivity as a function of annealing
temperature at a heating rate of 0.5 K min�1 and (b) heat flow obtained by
differential scanning calorimetry at a heating rate of 10 K min�1 for the
RT rolled and LNT rolled Cu–3 at.% Ag samples.
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than the instrumental broadening; therefore instrumental
correction was not applied in the evaluation. The theoreti-
cal profile functions used in this fitting procedure were cal-
culated on the basis of a model of the microstructure,
where the crystallites have spherical shape and log-normal
size distribution. The twin-boundary frequency is defined
as the fraction of twin boundaries among the {111} lattice
planes. The following parameters of the microstructure
were obtained from the CMWP fitting procedure: the
area-weighted mean crystallite size (hxiarea), the dislocation
density (q) and the twin boundary frequency (b). Micro-
structural investigations were also carried out using a Phi-
lips CM20 transmission electron microscope operating at
200 kV. SEM and electron backscatter diffraction (EBSD)
analyses were carried out using Nova Nanosem 230 (FEI,
USA) equipped with a TSL-OIM EBSD system. Samples
for TEM analysis were prepared by ion-beam polishing
(PIPS 691, Gatan, USA). Uniaxial tensile tests were con-
ducted on selected samples using a mechanical testing
machine (3367, Instron, UK) at an initial strain rate of
10�3 s�1. The specimens were machined as per ASTM E8
subsize specifications with the gauge length along the
rolling direction.

3. Results and discussion

3.1. Recrystallization studies of RT and LNT rolled Cu–Ag

alloy

Recrystallization of RT and LNT rolled Cu–Ag samples
was studied using resistivity, DSC and microhardness mea-
surements on isothermally annealed samples. Fig. 1a shows
the derivative of the electrical resistivity with temperature
(dq/dT) as a function of temperature during the heating
of the RT and LNT deformed samples. The much smaller
value of dq/dT compared to q0�a = 6.4 � 10�11 X m K�1

(where q0 is the resistivity and a is the temperature coeffi-
cient at 25 �C) reveals that recrystallization occurs in the
range of 375–425 �C for both RT and LNT rolled alloys
(Fig. 1a). There is another peak for both alloys at
�250 �C; this is probably due to annihilation of vacancies.
Due to the expected higher defect (dislocation and twin)
densities in LNT rolled sample, the recrystallization peak
is shifted to lower temperatures for this specimen, i.e. from
�400 �C for the RT rolled condition to �385 �C for the
LNT rolled condition. The higher dislocation density in
LNT rolled specimen is also suggested by the higher resis-
tivity change of 21.8 � 10�10 X m obtained after subtrac-
tion of the resistivity variation due to temperature
increment in the range of 275–425 �C when compared to
the value of 12.9 � 10�10 X m determined for the RT rolled
sample. The resistivity changes during recovery and recrys-
tallization are mainly influenced by dislocations (specific
dislocation resistivity of 2.7 � 10�25 X m3 for Cu) and
grain boundaries (specific grain boundary resistivity of
3.6 � 10�6 X m2 for Cu) [27–29]. The contribution of pre-
cipitates to the resistivity is expected to be similar in RT
and LNT rolled alloys. Fig. 1b shows the DSC thermo-
grams of RT and LNT rolled Cu–Ag alloys. In accordance
with the resistivity results, there is a major recrystallization
peak at �420 �C and �450 �C for LNT and RT rolled
alloys, respectively. The shift in the recrystallization peak
temperatures to higher values in DSC scans compared to
resistivity measurements is due to the higher heating rate
used in the DSC scan (10 K min�1 as compared to
0.5 K min�1 used in the resistivity measurement). The
recrystallization temperature of the LNT rolled Cu–Ag
alloy (�400 �C) is significantly higher than that observed
previously for LNT rolled Cu–11 at.% Al and Cu–
4.9 at.% Zn alloys which showed recrystallization tempera-
tures of �300 �C [14]. This indicates that Cu–Ag alloy has
better thermal stability than the other two Cu alloys due to
the smaller solubility limit of Ag in Cu which yields precip-
itation at grain boundaries, thereby hindering
recrystallization.

The recrystallization kinetics of RT and LNT rolled Cu–
Ag alloys were evaluated using hardness tests on samples



Fig. 2. Variation of hardness (Hv) with annealing temperature and time
for RT and LNT rolled Cu–Ag alloys (lines connecting data points are a
visual guide).

Table 1
The lattice parameter (a) and the corresponding solute Ag concentration
in the Cu matrix (cAg) of the Cu–3 at.% Ag alloy in RT rolled, RT
rolled + annealed, LNT rolled and LNT rolled + annealed conditions.
The error of the last digit of the lattice parameters is given in parentheses.

Sample Region a (nm) cAg (at.%)

RT rolled 0.3624(1) 1.3 ± 0.1
RT rolled + annealed 1 0.3624(1) 1.3 ± 0.1

2 0.3634(2) 2.7 ± 0.2
LNT rolled 0.3622(1) 1.0 ± 0.1
LNT rolled + annealed 1 0.3622(2) 1.0 ± 0.2

2 0.3633(2) 2.6 ± 0.2
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isothermally annealed to various durations. Fig. 2 shows
the variation in hardness of RT and LNT rolled alloys after
annealing in the temperature ranges of 375–450 �C for dif-
ferent times (5, 10, 15 and 30 min). The degree of recrystal-
lization (X in vol.%) with time at a given temperature was
calculated using the relation:

X ð%Þ ¼ H max � H i

H max � H min

; ð1Þ

where Hmax is the maximum hardness (i.e. the hardness un-
der as-rolled conditions), Hi is the hardness for the given
temperature and time, and Hmin is the minimum hardness
(i.e. the hardness after annealing at the highest temperature
for the longest duration). Evaluation of the hardness using
Eq. (1) indicates that recrystallization kinetics is rapid in
RT and LNT conditions at temperatures higher than
400 �C and more than 90% of the volume is recrystallized
within 10–15 min of annealing. Recrystallization is much
slower at 400 and 375 �C in RT and LNT rolled samples,
respectively (Fig. 2). These temperatures were therefore se-
lected for further studies and a short-time annealing for
5 min was carried out. From the hardness results, it is esti-
mated that about 15–20% of the volume was recrystallized
following the short annealing treatment. However, it is
noted that recovery may also decrease the hardness in the
beginning of annealing and therefore the recrystallized vol-
ume may be lower than the value estimated from the hard-
ness reduction. It should also be noted that previous
studies using a bimodal grain size approach have indicated
an optimum coarse-grained volume of �15–30% for
achieving good ductility [18,30]. In addition to the bimodal
microstructure, the short-time annealed samples of Cu–Ag
alloy are expected to have fine Ag precipitates and anneal-
ing twins (due to the medium SFE of Cu and Cu–Ag alloy)
in the recrystallized volume of the microstructure. In addi-
tion, there may be a partial recovery in the non-recrystal-
lized regions of the specimens. The microstructures of the
RT and LNT rolled samples and after subsequent anneal-
ing for 5 min at 400 and 375 �C, respectively, are studied by
XRD, SEM and TEM as discussed below.

3.2. Microstructural studies

3.2.1. XRD analysis
The Ag solute content in Cu was determined from the

lattice parameter measured by XRD. The values of the
lattice parameter obtained for the Cu phase are listed in
Table 1. The lattice parameters of the Cu matrices in the
samples rolled at RT and LNT are 0.3624 ± 0.0001 and
0.3622 ± 0.0001 nm, respectively. These values are signifi-
cantly larger than the lattice parameter for pure Cu
(0.3615 nm); this is most probably caused by the large sol-
ute Ag atoms in Cu. According to Ref. [31], the lattice con-
stant for dilute Cu–Ag alloys increases linearly with the Ag
concentration and 1 at.% Ag in solution yields an incre-
ment of 0.0007 nm in the lattice parameter of Cu. From
this, the Ag concentrations in the Cu matrix of RT and
LNT rolled samples were estimated to be 1.3 ± 0.1 and
1.0 ± 0.1 at.%, respectively (see Table 1). As the total con-
centration of Ag in the base alloy is 3 at.% (which corre-
sponds to �5 wt.%), about 1.7 and 2 at.% Ag is expected
to be present as secondary Ag phase in RT and LNT rolled
alloys, respectively. Ag peaks were indeed observed in the
XRD patterns of the as-rolled samples (Fig. 3). According
to the equilibrium phase diagram of the Cu–Ag system, the
solubility limit of Ag in Cu is 4 at.% at 750 �C (the homog-
enization temperature in the present experiments), and
therefore during the homogenization heat-treatment all
Ag atoms were dissolved in the Cu matrix. No evidence
for precipitation was found in the alloy following homoge-
nization and quenching (though the equilibrium solubility
limit of Ag in Cu is practically zero at RT), indicating that
all of the Ag (3 at.%) is in solid solution before rolling.
Subsequent processing of the samples seems to have caused
formation of Ag precipitates and consequently only �1–
1.3 at.% Ag remained in solid solution following rolling
at RT and LNT. Strain-induced precipitation could have
caused the formation of Ag precipitates during rolling of
the supersaturated solid solution. However, this needs to
be investigated in detail.

The microstructural parameters of the Cu matrix in RT
and LNT rolled samples were obtained by X-ray line pro-



Fig. 3. The CMWP fitting for LNT rolled Cu–3 at.% Ag. The open circles
and the solid line represent the measured data and the fitted curves,
respectively. The difference between the measured and fitted diffracto-
grams is shown at the bottom of the figure. The inset presents a magnified
part of the diffraction pattern.
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file analysis and are presented in Table 2. As an example,
the line profile fitting for the LNT rolled sample is shown
in Fig. 3. The open circles and the solid line represent the
measured data and the fitted curve, respectively. The peaks
of Ag were not fitted and they were incorporated in the
background during fitting. The crystallite sizes in the as-
rolled conditions are about 30 nm, which is significantly
smaller (by a factor of 2–5) than the crystallite sizes
reported in pure Cu by different SPD methods [32–34]. This
seems to indicate that the addition of Ag has promoted
grain refinement by inhibiting recovery during SPD. It is
noted that in SPD-processed metallic materials, the crystal-
lite size is usually much smaller than the grain size obtained
by TEM which can be attributed to the fact that the crys-
tallites are equivalent to the coherently scattering domains.
As the coherency of X-rays breaks even if they are scat-
tered from volumes having quite small misorientations
(1–2�), the crystallite size corresponds rather to the sub-
grain size in the severely deformed microstructures [34].
Analysis of the microstructural parameters obtained from
line profile analysis reveals that the crystallite size is smaller
and the dislocation density is higher in the LNT rolled sam-
ple when compared to the RT rolled sample (Table 2).
Considerable twinning was not detected in the specimen
rolled at RT while significant twin boundary frequency
Table 2
The parameters of the microstructure for Cu matrix of the Cu–3 at.% A
rolled + annealed conditions obtained by X-ray line profile analysis: the area-
twin boundary frequency (b).

Sample Region hxiar

RT rolled 36 ±
RT rolled + annealed 1 32 ±

2 41 ±
LNT rolled 30 ±
LNT rolled + annealed 1 27 ±

2 55 ±
was measured in the LNT rolled sample. The practically
zero value of the twin boundary frequency for the sample
rolled at RT is not definitive proof of the lack of twinning
as the lowest detection limit of twin boundary frequency is
about 0.05% in the present analysis.

Following annealing of the RT and LNT rolled samples,
each diffraction peak of the Cu matrix split into two com-
ponents (see Fig. 4a and b). This phenomenon is believed
to be caused by the development of an inhomogeneous sol-
ute atom distribution in the Cu matrix during annealing,
resulting in a variation of the lattice parameters of the
Cu matrices. Each line profile was evaluated by fitting it
with the sum of two profile components having different
Bragg angles which correspond to two distinct regions of
the matrix having different average lattice parameters. It
should be noted that most probably the description of
the distribution of the solute concentration by only two dis-
tinct solute contents is a simplification. Nevertheless, this
procedure characterizes the inhomogeneity of the chemical
composition of the matrix. The lattice parameters and the
corresponding Ag solute concentrations for the two regions
of the matrix have been determined and are listed in Table
1. Region 1 has the same lattice parameter as for the matrix
after rolling but before annealing. Region 2 has a signifi-
cantly larger lattice parameter, indicating an increase in
Ag solute concentration from 1.3 ± 0.1 to 2.7 ± 0.2 at.%
and from 1.0 ± 0.1 to 2.6 ± 0.2 at.% during annealing of
the RT and LNT rolled samples, respectively. The partial
dissolution of the Ag phase is also confirmed by the
decrease in the relative intensity of its XRD peaks. The
equilibrium solubility limit of Ag in Cu at the temperature
of annealing (375–400 �C) is �0.4 at.%, and therefore a
decrease of the solute atom concentration from 1.0–
1.3 at.% during annealing of the rolled samples would have
been expected. Our experiments revealed an opposite ten-
dency, i.e. an increase in the solute Ag content in a part
of the Cu matrix (region 2). The nanocrystalline micro-
structure (nanosized Ag particles in nanostructured Cu
matrix) developed during rolling could lead to a much
higher solubility limit of Ag in Cu than predicted by the
equilibrium phase diagram. Enhanced solubilities have
been experimentally observed in nanocrystalline materials
produced by different synthesis techniques [35,36]. This
phenomenon could be caused by the large specific interface
energy of Ag nanoparticles, which raises the free energy,
g alloy in RT rolled, RT rolled + annealed, LNT rolled and LNT
weighted mean crystallite size (hxiarea), the dislocation density (q) and the

ea (nm) q (1014 m�2) b (%)

4 32 ± 3 <0.05
4 14 ± 2 <0.05
6 24 ± 3 <0.05
3 48 ± 5 0.49 ± 0.07
3 8 ± 1 <0.05
8 30 ± 4 <0.05



Fig. 4. The CMWP fitting for 311 reflection of the Cu–3 at.% Ag samples
for (a) RT rolled, and RT rolled and annealed, as well as (b) LNT rolled,
and LNT and rolled and annealed conditions. The symbols and the solid
lines represent the measured data and the fitted curves, respectively. The
diffraction peak in annealed condition is a sum of two reflections related to
regions 1 and 2 which have different average lattice parameters.
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and consequently the equilibrium solubility is enhanced as
[37]:

cr ¼ c1 exp
2cV m

rRT

� �
; ð2Þ

where r is the radius of spherical Ag precipitates, T is the
temperature of annealing (�670 K), c1 (0.4 at.%) and cr

are the equilibrium solute Ag concentrations in the Cu ma-
trix with Ag dispersoids having infinitely small curvature
(large radius) and radius of r, respectively, c is the interface
energy (�1.5 J m�2 [38]) between the Cu matrix and the Ag
precipitates, R is the molar gas constant and Vm is the mo-
lar volume of Ag (10�5 m3 mol�1). This is often referred to
as the Gibbs–Thomson effect and becomes significant for
precipitate diameters smaller than 10 nm [37,39]. The aver-
age crystallite size of Ag particles was about 20 nm in the
rolled samples as estimated from the breadth of XRD
peaks of Ag, and for this size (r = 10 nm) the Gibbs–
Thomson effect is not significant. The solute concentration
observed in region 2 (�2.6 at.%) can be obtained from Eq.
(2) only for the particles as small as 6 nm. This suggests
that the regions where the dissolution occurred (region 2)
contained the smaller Ag precipitates (<6 nm). This
assumption is supported by the increase in the average size
of Ag crystallites from �20 to about 30 nm during anneal-
ing as observed by XRD. Another effect that may increase
the solubility of Ag in Cu is the very high densities of lattice
defects (e.g. grain boundaries and dislocations) in the
rolled Cu matrices. These defects increase the free energy,
which may be reduced by the replacement of Cu atoms
by large solute Ag atoms at the dilated volumes around
these defects as shown, for instance, in [40]. The decrease
in free energy due to the replacement of Cu by Ag atoms
at the defect sites may be larger than the increase in free en-
ergy due to the dissolution of Ag precipitates, and this
could be the thermodynamic driving force for the increase
in the solute Ag concentration in the rolled alloys during
annealing. The Ag content in region 2 of the annealed sam-
ples is �2.7 at.% at �400 �C which is only slightly smaller
than the nominal Ag concentration of the base alloy, sug-
gesting that most of precipitates in region 2 were dissolved
during annealing. Comparison of the integrated intensities
under the X-ray peaks belonging to the two regions indi-
cates that the volume fractions of region 2 where the disso-
lution occurred is similar to region 1 where the solute
content did not change.

Regions 1 and 2 with different Ag contents obtained
after annealing of RT and LNT rolled samples were inves-
tigated by X-ray line profile analysis. In the fitting of the
experimental patterns, each theoretical line profile con-
sisted of two peaks corresponding to the two regions. From
the fitting, the microstructural parameters for regions 1 and
2 were determined and listed in Table 2. The results reveal
that in region 1 (with lower Ag content in the matrix) the
crystallite size did not change significantly, while the dislo-
cation density decreased by �60–80% after annealing the
RT and LNT rolled specimens for 5 min at 400 and
375 �C, respectively. In region 2 (with higher Ag content
in the matrix), the crystallite size increased slightly and
the dislocation density decreased only by �25–40% (see
Table 2). The lattice constants and the microstructural
parameters suggest that during annealing of the rolled sam-
ples there was a competition between the dissolution of Ag
precipitates and the recovery of the highly distorted micro-
structure. In the volumes where the dissolution of the pre-
cipitates was negligible (region 1), the solute Ag content
remained low and the dislocation density decreased signif-
icantly due to recovery. However, the increased concentra-
tion of solute Ag atoms in region 2 hindered the recovery,
resulting in retention of the high dislocation density. This is
due to the pinning effect of the larger solute Ag atoms on
dislocations in the Cu matrix, which inhibits their cross-slip
and climb, two important mechanisms of recovery. On the
other hand, the increase in the average size of Cu crystal-
lites in region 2 can be explained by the growth of Cu crys-
tallites into the volumes occupied formerly by the Ag
precipitates, as discussed below.
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3.2.2. TEM/SEM/EBSD analysis of microstructure

TEM images obtained on the RD–TD plane (RD: roll-
ing direction; TD: transverse direction) of RT and LNT
rolled samples are shown in Fig. 5a and b, respectively.
These images reveal a cell-like structure with a high dislo-
cation density. The grain sizes of the Cu matrix estimated
from the TEM images are in the range of 100–200 nm in
both the RT and LNT rolled specimens. The grain size
obtained by TEM is about 3–6 times larger than the crys-
tallite size determined by XRD as the latter quantity usu-
ally corresponds to the subgrain size in severely deformed
microstructures [34]. Since Cu and Ag are metals with med-
ium/low SFE, mechanical twinning is an important defor-
mation mechanism. Also, since the concentration of Ag is
low (<8 wt.%), the alloy is less likely to deform through
shear bands [41]. Study of the microstructure in ND–TD
sections (ND: normal direction) of RT and LNT rolled
samples revealed that, in addition to a high density of dis-
locations, deformation twins also formed in some locations
of the specimens (see Fig. 5c and d). The twin spacing is
smaller in the LNT rolled sample (�20 ± 13 nm) in com-
parison with the RT rolled specimen (�30 ± 22 nm). Dislo-
cations were also found within the twinned regions. It is
clear from the TEM investigations that the defect density
is higher after rolling at LNT when compared with RT roll-
ing and this is consistent with the XRD analysis (see Table
2). However, the XRD results did not show considerable
twin boundary frequency in the RT rolled sample, which
suggests that twinning operates in only a few locations of
the alloy during rolling at RT.
Fig. 5. Bright-field TEM micrographs of Cu–3 at.% Ag alloys for (a) RT rolled
plane, (c) RT rolled condition in the ND–TD plane (the inset shows the corres
plane (the inset shows the corresponding diffraction pattern).
The microstructures of the RT and LNT rolled samples
were also studied after annealing. The TEM micrographs
of RT rolled and annealed (at 400 �C for 5 min) and
LNT rolled and annealed (at 375 �C for 5 min) specimens
are shown in Fig. 6a and b, respectively. The diffraction
pattern obtained from the region shown in Fig. 6a is pre-
sented in Fig. 6c, revealing a more or less continuous
ring-type pattern which is indicative of a fine-grained mate-
rial with random local texture. The TEM image in Fig. 6d
shows that annealing led to a significant recovery of the
microstructure in some volumes of the RT rolled specimen.
Mechanical twins were no longer observed but very fine
annealing twins (with spacing in the range of 10–20 nm)
were detected. TEM results indicate that the grain size dis-
tribution after the short-time annealing is inhomogeneous
containing UFG grains with a grain size of about 500 nm
(see Fig. 6a and b) as well as nanostructured grains about
40–50 nm in size (see Fig. 6d).

Fig. 7 shows the EBSD image quality (IQ) map in the
ND–TD section for the RT rolled sample after short-
annealing. The IQ map reveals regions with higher pattern
quality (bright regions in Fig. 7), indicating that these vol-
umes have recovered/recrystallized during annealing. The
analysis of the grain size distributions obtained from EBSD
scans indicates that in both samples nearly 85% of the
grains are <1 lm and there are a few extremely large grains
with sizes of �10 lm in the ND–TD plane. EBSD analysis
of the RD–TD planes (not shown here) indicated that the
size of these large grains along the rolling direction is up
to 100 lm. This further confirms the bimodal nature of
condition in the RD–TD plane, (b) LNT rolled condition in the RD–TD
ponding diffraction pattern) and (d) LNT rolled condition in the ND–TD



Fig. 6. Bright-field TEM micrographs of Cu–3 at.% Ag alloy in the RD–TD plane for (a) RT rolled and annealed condition, (b) LNT rolled and annealed
condition, (c) SAED pattern from region in (a), and (d) image for RT rolled and annealed sample at higher magnification showing fine twins marked with
arrows.

Fig. 7. Electron backscatter diffraction image quality map for RT rolled
and annealed Cu–3 at.% Ag samples.
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the grain size distribution in the annealed samples. In com-
parison, EBSD studies on the as-rolled samples (not shown
here) revealed that the grain size distribution was narrow,
with 90% of grains being <300 nm and only a few grains
in the size range 1–3 lm. Analysis of misorientation angle
distributions showed that the grain boundaries are
predominantly low-angle boundaries with an average
misorientation angle of 4� in the rolled samples, while after
annealing the average misorientation angle increased to
�12�.

To find microscopic evidence for the solute inhomogene-
ity observed in X-ray analysis (see Section 3.2), backscat-
tered SEM studies on LNT rolled as well as LNT rolled
and annealed samples were carried out, as shown in
Fig. 8a and b, respectively. The Ag precipitates appear
bright in the figures due to atomic number contrast. These
precipitates in the LNT rolled sample are more homoge-
neously distributed and some of them appear to be located
along the grain boundaries (see the marked precipitates in
Fig. 8a). Following annealing, one could identify distinct
regions with and without Ag precipitates (marked as region
1 and region 2 in Fig. 8b) and the precipitates in region 1
are predominantly spherical with a size of 20–30 nm. Sim-
ilar regions were also observed in RT rolled and annealed
sample. These results are consistent with the X-ray line
profile analysis in which an inhomogeneous solute distribu-
tion after annealing was detected. It may be noted that dis-
continuous or cellular precipitation is known to occur in
coarse-grained Cu–Ag alloys during the ageing of the
supersaturated solid solution [42,43]. Discontinuous pre-
cipitates with lamellar morphology were found predomi-
nantly at random high-angle grain boundaries due to the
faster Ag diffusion along these boundaries [39,42]. Discon-
tinuous precipitation has a deleterious effect on the
mechanical properties and usually small amounts of a third



Fig. 8. Backscatter SEM images of Cu–3 at.% Ag alloy in (a) LNT rolled
condition and (b) LNT rolled and annealed condition. The aligned Ag
particles along grain boundaries in (a) and the regions 1 and 2 with
different solute content in the Cu matrix are indicated in (b).

Fig. 9. (a) High-angle annular dark-field TEM image of Cu–3 at.% Ag in
RT rolled and annealed condition showing discontinuous Ag precipitates.
The precipitation is outlined with dashed curve. (b) A schematic of
discontinuous dissolution during the migration of the precipitation
reaction front.
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element (e.g. Zr) are added to suppress it [43]. The high-
angle annular dark-field (HAADF) image in Fig. 9a shows
discontinuous precipitates (which appear in bright con-
trast) in some regions of the RT rolled and annealed sam-
ple. In the upper left corner of Fig. 9a, the white halo
around the volume containing discontinuous precipitates
(marked by a dashed curve) indicates large Ag solute con-
tent in the Cu matrix (corresponding to region 2), which
was most probably formed by migration of the precipita-
tion reaction front. This is referred to as discontinuous dis-
solution in which the receding discontinuous precipitation
reaction front dissolves the second phase, resulting in dis-
continuous change in the composition across the reaction
front. A schematic description of the discontinuous disso-
lution and the associated microstructural changes is shown
in Fig. 9b. Discontinuous precipitation and discontinuous
dissolution are a class of discontinuous reactions and these
have been observed in many alloys, including the Cu–Ag
system [44].

3.3. Tensile properties

Fig. 10 shows the engineering stress–strain curves for
RT rolled, LNT rolled and annealed samples. The RT
and LNT rolled samples exhibit high ultimate tensile
strengths (UTSs) with negligible uniform elongation
(�1%). The strength of the RT rolled sample
(�575 MPa) is �20% less than that for the LNT rolled
sample (�710 MPa). After annealing of the RT rolled sam-
ple, the UTS decreased only slightly (by �20 MPa) with
significant improvement in the uniform elongation (from
1 to 10%). Similarly, annealing of the LNT rolled sample
resulted in a decrease in the UTS by �60 MPa and the duc-
tility improved from 1 to 8%. The UTS obtained for the
LNT rolled and annealed sample is �90 MPa higher when
compared to the RT rolled sample. The higher strength for
LNT rolled Cu–Ag sample compared to RT rolled speci-
men can be attributed to the larger dislocation density
and twin boundary frequency (see the XRD results in Sec-
tion 3.2). It was well documented that nanoscale twins
improve the strength, as they are effective barriers to dislo-



Fig. 10. Engineering stress–strain curves for RT and LNT rolled as well as
the annealed Cu–3 at.% Ag alloys. Stress–strain data taken from the
literature for DPD Cu [23], DPD and annealed Cu [23], HPT-processed
Cu [32], ECAP-processed Cu–1.8 at.% Ag alloy [46] are also included for
comparison.
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cation motion. It should be pointed out that there are two
types of twins—annealing/growth twins and mechanical/
deformation twins—and the formation of both types is
promoted by a decrease in SFE. The twin boundary
strengthening was shown to follow a Hall–Petch-type rela-
tion as a function of the twin boundary spacing [22]. Refin-
ing the twin spacing through SPD has contributed to
significantly enhanced strengths in pure Cu (�600 MPa fol-
lowing DPD) and in Cu–4.5 wt.% Al alloy (�900 MPa) but
the tensile ductility was negligible [9,14,22,32]. This is most
likely due to the fact that deformation twins are incoherent
and behave as a random high-angle grain boundary which
does not promote strain hardening. On the other hand,
decreasing the spacing of the growth/annealing twins
(down to 15 nm) resulted in high strength and ductility in
pulse electrodeposited Cu [19]. However, softening was
observed when the twin boundary spacing was reduced to
below 15 nm [45]. Analysis of strain hardening of the pres-
ent annealed Cu–Ag samples using a Hollomon-type equa-
tion (r = Ken) showed that the strain-hardening exponent
n was 0.06 ± 0.01 for both rolled and annealed samples,
indicating considerable work hardening. The increased
strain-hardening capacity for the annealed samples com-
pared to the rolled samples could be attributed to (i) the
formation of a bimodal microstructure as revealed by
XRD, SEM and EBSD; and (ii) the formation of fine
annealing twins as shown in TEM images. However,
according to the XRD analysis, which examines a larger
volume than TEM, extensive twin formation cannot be
expected during short-time annealing of the rolled samples.
Therefore, it appears that the bimodal microstructure
developed during annealing is the main reason of the
increase of ductility. It should be noted that the bimodal
microstructure in the present alloy not only refers to the
grain size distribution but also to the regions of varying
solute content and dislocation densities. In other words,
the recovery of ductility is most probably caused by the
decrease of the dislocation density in region 1, which yields
a considerable work hardening during subsequent tension,
thereby increasing the uniform elongation compared to the
rolled specimens. At the same time, in region 2 the increase
of the solute Ag concentration during annealing hindered
the annihilation of dislocations, and therefore the strength
was only slightly reduced in comparison with the rolled
samples.

A comparison of the stress–strain behavior of the pres-
ent Cu–Ag alloys with previously published data on Cu
and Cu-alloys processed by SPD methods is shown in
Fig. 10. The stress–strain data of Cu (following DPD
[23], DPD + annealed Cu [23], HPT for 5 revolutions at
a pressure of 6 GPa [32,34]), Cu–3 wt.% Ag after 8 ECAP
passes by route Bc [46]) are also included in the figure.
From Fig. 10, it is clear that RT/LNT rolled and annealed
Cu–Ag alloys exhibit the best combination of strength and
ductility. This is mainly due to development of a bimodal
microstructure during annealing of SPD processed Cu–
Ag alloys. In the present work, we have demonstrated a
strategy for retaining the high strength while the ductility
was improved following annealing of SPD-processed Cu–
Ag alloys.

4. Conclusions

In summary, we demonstrated an approach for retain-
ing high strength while recovering ductility in a Cu–
3 at.% Ag alloy via cold rolling at room and cryogenic tem-
peratures and short-time annealing just below the recrystal-
lization temperature. After annealing, an inhomogeneous
solute atom distribution developed in both Cu–Ag alloys
due to the dissolution of nanosized Ag particles, resulting
in regions with varying Ag content in the Cu matrix. In
the region where the solute concentration increased, the
dislocation density developed during rolling was retained
in the Cu matrix even after annealing, while in the region
where the Ag solute content did not increase, significant
decrease in dislocation density was observed. Therefore,
in the rolled and annealed samples, bimodal microstruc-
tures were developed where both the dislocation density
and the solute concentration vary considerably. The as-
rolled samples exhibited high ultimate tensile strengths
close to 600–700 MPa with negligible uniform elongation
(�1%). After short-time annealing the strength decreased
only by �20–60 MPa with significant improvement in the
uniform elongation (from 1 to 10%). This is attributed to
the bimodal microstructure in the Cu matrix since the
reduction of the dislocation density in some regions
increased the strain-hardening capacity of the material.
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