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A B S T R A C T

Research was undertaken to evaluate the thermal stability of ultrafine-grained (UFG) Ni alloys with two different
molybdenum (Mo) contents. The UFG microstructures in Ni samples with low (~0.28 at.%) and high (~5.04 at.
%) Mo concentrations were achieved by the consecutive application of cryorolling and high-pressure torsion
(HPT). The evolution of the microstructure during annealing up to ~1000 K was studied by differential scanning
calorimetry (DSC) at the peripheral regions of the disks processed by 20 turns of HPT. The grain size and the
fraction of low-angle grain boundaries (LAGBs) were monitored by electron backscatter diffraction while the
dislocation density was determined by X-ray line profile analysis as a function of temperature. It was found that
the recovery of the UFG microstructures started at ~400 K irrespective of the Mo content but recrystallization
occurred at a much higher temperature for the Ni alloy with higher Mo content. During recovery, the LAGB
fraction increased due to the arrangement of dislocations into low energy configurations. In the recrystallization
process, the fraction of LAGBs decreased. After annealing up to ~1000 K, the grain size remained much smaller
for the sample with higher Mo concentration. Moreover, the larger Mo content yielded a separation of recovery
and recrystallization processes in the DSC thermogram. It is concluded that the higher Mo concentration has a
more pronounced hindering effect on recrystallization than on recovery.

1. Introduction

In recent years, severe plastic deformation (SPD) techniques have
emerged as attractive and promising routes for the production of bulk
ultrafine-grained (UFG) materials [1–3]. SPD-processed UFG materials
with contamination- and porosity-free microstructures exhibit im-
proved mechanical behavior, such as high yield strength and ultimate
tensile strength values. High pressure torsion (HPT) has been consid-
ered as one of the most effective SPD methods which applies extremely
large strain everywhere apart from the centers of the HPT-processed
disks [4]. This large shear strain and the high applied pressure not only
cause significant grain refinement but also introduce a substantial
dislocation density which leads to an enhanced mechanical strength
[5].

The stability of UFG microstructures is a prerequisite of their
reliable operation in practical applications. When grain growth occurs
the improved strength of UFG materials deteriorates and therefore a
study of the microstructural stability is necessary for the commercia-
lization of these materials. The recovery and recrystallization behaviors
of UFG materials are usually investigated by differential scanning

calorimetry (DSC) combined with direct or indirect observations of
the microstructure [6–9]. Former studies revealed that for SPD-pro-
cessed pure metals and dilute alloys the recovery of dislocation
structure and recrystallization could not be separated in the thermo-
grams since they occur in a single exothermic DSC peak [10–17]. The
temperature of the peak maximum depends on the method of SPD
processing, the imposed strain and the heating rate. However, its value
is usually between ~0.3–0.4 × Tm, where Tm is the melting point in
Kelvin degrees [5]. It was also shown that the activation energy of
recovery/recrystallization is usually about 0.5 ± 0.1 × Qself where
Qself is the activation energy of self-diffusion, irrespective of the type of
material and the processing method [18–21]. The observed values of
the activation energies suggest that recovery and recrystallization are
mainly controlled by diffusion along grain boundaries and dislocations.
It is noted that for 4N and 4N8 purity Ni samples processed by HPT, an
additional small DSC peak was observed at the homologous tempera-
ture of ~0.24 which corresponds to the annihilation of single and
double vacancies [22]. However, the majority of reported DSC experi-
ments do not show this vacancy peak. At the same time, for solid
solutions with high solute content and precipitate hardened alloys, two
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exothermic peaks were often observed [23,24]. The first peak is related
to recovery while the second peak corresponds to recrystallization and
grain growth. This separation of recovery and recrystallization is
attributed to the segregation of alloying elements and/or the formation
of precipitates at grain boundaries. Then, these act as obstacles against
grain boundary migration, thereby hindering recrystallization and grain
growth. The activation energy for the first “recovery” peak is usually
smaller than that determined for the second “recrystallization” peak.
Despite the numerous reports on DSC studies of SPD-processed metallic
materials, systematic studies on the influence of strong alloying on the
thermal stability of the defect structure and the grain size have not been
performed to date.

In a recently published study [25], the dislocation density and the
grain size in HPT processed Ni-Mo alloys with low (~0.28 at.%) and
high (~5.04 at.%) Mo concentrations were compared. It was found that
Mo alloying has a significant effect on the evolution of microstructure
during HPT. However, no study has been documented to examine the
thermal stability of UFG Ni-Mo alloys, despite their considerable
practical applications. For instance, Ni-Mo alloys can be used as hard
coating materials due to their high hardness, wear and corrosion
resistances [26]. These alloys are also applicable as substrate material
for superconducting coatings and they are used as catalysts in the
production of hydrogen. The Ni-Mo substrates for superconducting
coatings produced by severe cold rolling and subsequent annealing
provide the extremely sharp cube texture which is required for epitaxial
coatings [27]. Ni-Mo alloys, either in the form of catalyst coating or
unsupported nanopowder, show high activity and long-term stability as
hydrogen evolution reaction catalysts under alkaline conditions
[28–30]. Accordingly, the present study examines the influence of Mo
alloying on the thermal stability of HPT-processed UFG Ni alloys. For
this purpose, two alloys with low (~0.28 at.%) and high (~5.04 at.%)
Mo concentrations were processed by HPT and then annealed in DSC.
The evolution of microstructural parameters, including grain size and
dislocation density, were investigated as a function of the annealing
temperature and then correlated to the evolved DSC peaks.

2. Experimental Materials and Procedures

2.1. Processing of UFG Ni-Mo Alloys

Two Ni alloys with low (~0.28 at.%) and high (~5.04 at.%) Mo
contents were investigated and hereafter they are referred to as Low-Mo
and High-Mo alloys, respectively. The chemical composition of the
Low-Mo material was 98.29% Ni, 0.28% Mo, 0.84% Al, 0.34% Si and
0.25% Fe (in at.%) [25]. For the High-Mo alloy, the concentrations of
chemical elements were 93.70% Ni, 5.04% Mo, 1.08% Al, 0.05% Si and
0.13% Fe (in at.%) [25]. It is readily apparent that the most significant
difference between the chemical compositions of the two materials was
the much higher Mo content in the material labelled High-Mo.

Both alloys were prepared by induction melting and casting into a
Cu-mould. The as-cast ingots, having diameters of ~32 mm, were hot
rolled at 1100 °C to a thickness of ~13 mm. The hot rolled samples
were subjected to a two-step combined SPD process. In the first step,
small strips were cut from the hot rolled materials and cryorolled at
liquid nitrogen temperature (LNT). During cryorolling, the thickness
decreased from ~13 mm to ~3 mm in multiple passes with a thickness
reduction of ~5% per pass. After each cryorolling pass, the strips were
cooled again to LNT. From the plates obtained after cryorolling, discs
were prepared with diameters of 10 mm and thicknesses of 1 mm by
Electric Discharge Machining (EDM). These samples were then pro-
cessed by HPT technique under quasi-constrained conditions [31] with
an applied pressure of 6.0 GPa and a rotation speed of 1 rpm at room
temperature (RT) for 20 turns.

2.2. Differential Scanning Calorimetry

Differential scanning calorimetry (DSC) was used to investigate the
thermal stability of the phase composition and the microstructure at the
peripheral regions of the HPT-processed specimens. It was shown
recently that for both Mo contents the microstructure achieved a
saturation state between the half-radius and the periphery of the disks
processed for 20 turns of HPT [25]. Therefore, for the DSC studies,
small samples were cut from these regions of the disks. The DSC
experiments were performed using a Perkin Elmer (DSC2) calorimeter
at a heating rate of 40 K/min under an Ar atmosphere. The upper limit
of temperature for this calorimeter was 1000 K.

2.3. Microstructure From EBSD

In order to study the microstructure evolution during annealing,
samples were heated up to the characteristic temperatures of the
thermograms and then quenched to RT. The microstructures of the
HPT-processed and annealed Ni alloys were characterized by electron
backscatter diffraction (EBSD) using an FEI Quanta 3D scanning
electron microscope (SEM). Before EBSD, the surfaces of the samples
were first mechanically polished with 600, 1200, 2500 and 4000 grit
SiC abrasive papers and then the surface treatment was continued by
polishing with a colloidal silica suspension (OP-S) having a particle size
of 1 μm. Finally, electropolishing of the surfaces was conducted at 28 V
and 1 A using an electrolyte with a composition of 70% ethanol, 20%
glycerine and 10% perchloric acid (in vol%). The step size of the EBSD
scans varied between ~10 and ~50 nm and larger step sizes were used
for the samples exhibiting coarser microstructures. The EBSD data were
evaluated using the Orientation Imaging Microscopy (OIM) software.
The average grain sizes and the fractions of the low and high-angle
grain boundaries (LAGBs and HAGBs) were determined from the EBSD
images. The grains were considered as the regions in the EBSD images
bounded by high-angle grain boundaries (HAGBs) having misorienta-
tions higher than 15°. The number-averaged grain size values were then
determined for the HPT-processed and the annealed samples. The
LAGBs were defined as the boundaries with misorientations between
2 and 15°.

The distortions inside the grains were analysed using Kernel
Average Misorientation (KAM) maps prepared by the OIM software.
In this evaluation process, a local misorientation angle value was
assigned to each pixel which was determined as the average misor-
ientation between the studied central pixel and all pixels at the
perimeter of the kernel around the investigated pixel. The radii of the
kernels were maintained the same (~50 nm) for all images even if their
pixel sizes were smaller in order to make their KAM maps comparable.

2.4. Characterization of Microstructure by X-ray Diffraction

The phase composition and the average lattice parameter values for
the Ni alloys were determined by X-ray diffraction (XRD) using a Philips
Xpert Θ–2Θ powder diffractometer operating at 40 kV and 30 mA with
CuKα radiation (wavelength: λ = 0.15418 nm). The measured XRD
patterns indicated that all samples had face-centered cubic (fcc)
structure. The average lattice parameter was determined from the
diffraction peak positions using the Nelson–Riley method [32].

The defect structure of the SPD-processed Ni alloys were studied by
X-ray line profile analysis (XLPA). The XRD patterns were measured by
a high-resolution diffractometer (Rigaku) with CuKα1 radiation (wave-
length: λ = 0.15406 nm). The Debye–Scherrer diffraction rings were
detected by two dimensional imaging plates and the line profiles were
determined as the intensity distributions perpendicular to the rings
obtained by integrating the two dimensional intensity distributions
along the rings. The evaluation of the patterns was carried out by the
Convolutional Multiple Whole Profile (CMWP) fitting method [33]. In
this procedure, the experimental diffraction pattern is fitted by the sum
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of a background spline and the convolution of the instrumental pattern
and the theoretical line profiles related to crystallite size, dislocations
and planar faults. The theoretical line profile functions used in this
fitting procedure were based on a model of the microstructure where
the crystallites have spherical shape and a log-normal size distribution.
As an example, Fig. 1 shows the CMWP fitting for the HPT-processed
High-Mo sample annealed up to 875 K. The open circles and the solid
line represent the measured and fitted intensity profiles, respectively.
The difference between the measured and the fitted diffractograms was
practically zero, thus indicating a good fitting of the measured
diffractogram by the theoretical pattern. The following two parameters
of the dislocation structure were determined by the CMWP fitting
procedure: the average dislocation density (ρ) and the dislocation
arrangement parameter M. The value of the parameter M reflects the
arrangement of dislocations. Thus, a smaller value of M relates to a
more shielded strain field of dislocations and the arrangement of
dislocations into low energy configurations, such as LAGBs or dipoles,
yields a consequent decrease in M.

3. Experimental Results

3.1. DSC Analysis of the HPT-Processed Low-Mo and High-Mo Samples

Fig. 2 shows DSC thermograms taken at a heating rate of 40 K/min
for the Low- and High-Mo alloys processed by HPT for 20 turns. The
heat flow versus temperature curves were plotted after baseline
subtraction. The baseline was determined from a second heating
experiment. It is noted that for the Low-Mo alloy the DSC trace displays
an endothermic trend at about 627 K due to the Curie transition from a
ferromagnetic to a paramagnetic state. This endothermic peak was also
observed in the second DSC scan, therefore after the subtraction of the
second heating scan from the first scan the resultant data were free of
the signal of the Curie transition. For the High-Mo alloy, the endother-
mic peak of the ferromagnetic to paramagnetic transition was not
observed. This is in line with former studies (for example, Ref. [34])
which indicated that ~5 at.% Mo alloying led to a considerable
reduction in the Curie temperature to 333 K, so that the paramagnetic
transition cannot be observed in the present experiments starting at
300 K due to the transient DSC signal at the beginning of the
measurements.

Fig. 2 shows that for the Low-Mo sample there was a single
exothermic DSC peak with a long tail part at the left side of the peak.

Between ~400 and ~600 K only a weak exothermic signal was
detected. The majority of the peak appeared between ~600 and
~830 K. The exothermic peak has a shoulder at the left side and its
maximum was observed at a temperature of ~743 K. For the High-Mo
specimen, between ~360 and ~630 K the exothermic signal was weak
while in the temperature range of 630–1000 K two main exothermic
DSC peaks were detected. The first peak was observed between ~630
and ~875 K while the second peak evolved between ~875 K and
~1000 K. The peak maxima for these two peaks were found at ~786 K
and ~946 K. Such exothermic peaks are usually related to the recovery
and recrystallization of the SPD-processed microstructures. Therefore,
it may be concluded that the increase in Mo content resulted in a shift of
the exothermic signal to higher temperatures, and thus the Mo alloying
improved the stability of the UFG microstructures in Ni. In order to
reveal the processes related to the exothermic peaks, the microstructure
evolution was studied as a function of annealing temperature and the
results are presented in the next sections.

3.2. Microstructure Evolution During Annealing

The XRD patterns indicated that both HPT-processed alloys were
single phase fcc solid solutions (see Fig. 1). The lattice parameters for
Low-Mo and High-Mo alloys were obtained from the diffraction peak
positions as 0.3527 ± 0.0002 and 0.3549 ± 0.0002 nm, respectively.
These values are in good agreement with the lattice constants calcu-
lated from the chemical compositions of the alloys as shown in a recent
report [25]. As the equilibrium solubility limit of Mo in Ni is ~0.6 at.%
at RT, the HPT-processed High-Mo alloy is a supersaturated solid
solution. The phase compositions and the lattice parameters for both
alloys remained unchanged during DSC annealing up to 1000 K.

Fig. 3 shows the evolution of the dislocation density as a function of
the annealing temperature together with the DSC curves for both alloys.
Before annealing, the dislocation density values were ~27 × 1014 m−2

and ~59 × 1014 m−2 in the HPT-processed Low-Mo and High-Mo
alloys, respectively. The more than two times larger dislocation density
in the High-Mo material is attributed to the hindering effect of Mo
solute atoms on the annihilation of dislocations during HPT processing.
The heat treatment of the samples led to a gradual reduction in the
dislocation density with increasing annealing temperature. For both
samples, the dislocation density decreased by about 30–40% up to the
onset of the large exothermic DSC peaks at 600–630 K. For the Low-Mo
sample, at the end of the exothermic DSC peak at ~830 K the
dislocation density fell below the detection limit of the present XLPA
method (~1013 m−2), thereby suggesting the completion of recovery in
the microstructure. For the High-Mo material, the dislocation density
decreased to ~20 × 1014 m−2 after the first DSC peak at ~875 K,

Fig. 1. CMWP fitting on the diffraction pattern taken on the High-Mo alloy processed by
20 turns of HPT and heated up to ~875 K. The open circles and the solid line represent
the measured and the fitted patterns, respectively. The intensity is plotted in logarithmic
scale. The inset shows reflections 311 and 222 with higher magnification and linear
intensity scale. The difference between the measured and fitted diffractograms is shown
at the bottom of the inset.

Fig. 2. DSC thermograms obtained at a heating rate of 40 K/min for the HPT-processed
Low- and High-Mo alloys.

G. Kapoor et al. Materials Characterization 130 (2017) 56–63

58



thereby indicating a partial recovery of the microstructure. The value of
the dislocation density reduced further with increasing annealing
temperature and reached a value below ~1013 m−2 at the end of the
second exothermic DSC peak at ~1000 K.

It is shown in Fig. 4 that, in addition to the reduction of the
dislocation density, the dislocation arrangement parameter decreases
continuously with increasing annealing temperature. The reduction of
the value of M indicates a higher shielding of the strain field of
dislocations which suggests their arrangement into low energy config-
urations such as LAGBs and/or dipolar dislocation walls. Therefore, in
both alloys during the recovery of the UFG microstructures there are
simultaneous annihilations and clustering of dislocations.

Fig. 5 shows inverse pole figure (IPF) maps obtained on the HPT-
processed Low-Mo sample and the specimens annealed at two char-
acteristic temperatures of the DSC thermogram (~680 and 830 K). The
grain size values determined from the IPF maps are plotted for the Low-
Mo sample in Fig. 6 as a function of the annealing temperature.
Immediately after HPT processing, the average size of the grains in
the Low-Mo specimen was ~184 nm. The grain size remained practi-
cally unchanged up to ~680 K where this corresponds to the beginning
of the high exothermic signal in the DSC peak. Thereafter, the grain size
quickly increased from ~180 to ~874 nm. In addition, Fig. 5c reveals
that most of the grains have straight grain boundaries. These observa-
tions suggest that the high exothermic signal observed at the end of the
DSC peak is related to the recrystallization of the UFG microstructure in
the Low-Mo alloy.

The IPF maps in Fig. 7 show the HPT-processed microstructure in

the High-Mo alloy and also after annealing up to the characteristic
temperatures of the DSC thermogram (~630, 875 and 1000 K). The
grain sizes determined from the IPF maps are shown in Fig. 6 together
with the corresponding DSC curve. Immediately after HPT, the grain
size was ~130 nm and remained unchanged within experimental error
up to ~730 K. This temperature corresponds to the end of the shoulder
at the left side of the first large DSC peak. When the temperature
increased up to the end of the first large exothermic peak at ~875 K,
the grain size increased moderately from ~130 to ~225 nm. During
the second exothermic peak between ~875 and ~1000 K, there was a
further increase in grain size to ~305 nm in the High-Mo alloy. After
annealing up to ~1000 K many of the boundaries seem to be straight
(for example, in Fig. 7d) but nevertheless a considerable fraction of
boundaries is curved which suggests that complete recrystallization
does not occur even at the end of the thermogram.

The fraction of LAGBs was also determined from the EBSD data for
the HPT-processed and the annealed Low-Mo and High-Mo specimens
and plotted as a function of temperature in Fig. 8. After HPT, the LAGB
fraction was ~24% for both alloys. First, the LAGB fraction increased
with increasing temperature to about 40% which can be attributed to
the arrangement of dislocations into LAGBs within the grains in the first
stage of recovery of the HPT-processed microstructures. This trend was
observed up to temperatures of ~650 and ~875 K for the Low- and
High-Mo samples, respectively. Thereafter, the fraction of LAGBs
decreased to ~10% for both samples since the dislocations arranged
into LAGBs were annihilated during recrystallization.

4. Discussion

This study reveals that both Low-Mo and High-Mo alloys processed
by HPT remain a single phase fcc Ni-Mo solid solution during annealing
up to 1000 K. For the Low-Mo alloy, this observation is in accordance
with the equilibrium phase diagram [35]. At the same time, for the
High-Mo alloy the phase diagram suggests that a two-phase micro-
structure with fcc Ni(Mo) solid solution and tetragonal Ni8Mo inter-
metallic compound is stable between ~300 and ~500 K. In the
temperature range of 500–700 K, the phase diagram predicts a micro-
structure with fcc Ni(Mo) solid solution and tetragonal Ni4Mo inter-
metallic compound. Above ~700 K, the single-phase fcc Ni(Mo) solid
solution is stable. The lack of transformation from fcc solid solution to a
two-phase system below ~700 K can be explained by the short term of
the present DSC annealing process. In addition, a large amount of Mo
may be segregated at the grain boundaries, and this may stabilize the
microstructure against recrystallization or phase transformation as
revealed by former studies [36–38]. The segregation of alloying
elements at grain boundaries may lower the grain boundary energy
thereby reducing the thermodynamic driving force for recrystallization.
In addition, the decrease of the grain boundary energy due to
segregation hinders the nucleation of the intermetallic compound as
the higher alloying element content in the precipitates must be supplied
by the solute atoms at the grain boundaries. In accordance with the
present study, a recent investigation also showed the absence of
precipitation in nanocrystalline Ni-Mo alloys with different Mo contents
up to 21.5 at.% annealed at various temperatures up to 1173 K for 1 h
[39].

The higher Mo content in the Ni alloy yielded a smaller grain size
and a higher dislocation density after HPT processing. This is explained
by the retarding effect of solute Mo atoms on the dynamic annihilation
of dislocations and the recrystallization during SPD straining. At the
same time, the higher dislocation density in the High-Mo alloy led to a
larger driving force for recovery and recrystallization. The former
kinetic and the latter thermodynamic effects hinder and promote the
annihilation of dislocations, respectively. It seems that the increase of
the Mo content from 0.28% to 5.04% has a similar influence on these
two effects at the beginning of DSC annealing as the recovery started at
about 400 K for both alloys as revealed by the DSC thermograms in

Fig. 3. The average dislocation density obtained by XLPA as function of annealing
temperature for the HPT-processed Low- and High-Mo alloys. The corresponding DSC
thermograms are also shown in the figure.

Fig. 4. The dislocation arrangement parameter obtained by XLPA as function of
annealing temperature for the HPT-processed Low- and High-Mo alloys. The correspond-
ing DSC thermograms are also shown in the figure.

G. Kapoor et al. Materials Characterization 130 (2017) 56–63

59



Fig. 2. In addition, between ~400 and ~600 K the relative change of
the dislocation density due to recovery was practically the same (about
30–40%) for both alloys. At the same time, the recrystallization occured
at a much higher temperature and the exothermic DSC signal finished
later for the High-Mo sample than for the Low-Mo alloy (see Fig. 2). The
grain growth during the DSC scan was also less pronounced in the High-
Mo material. Thus, it can be concluded that, although the recovery
started at similar temperatures for both alloys, the recrystallization
occurred at a higher temperature for the High-Mo alloy so that the
higher Mo content yielded a considerable increase in the thermal
stability of the UFG microstructure. It is noted that the annihilation of
vacancy clusters and/or very small dislocation loops during annealing
may also contribute to the released heat measured by DSC.

The grain-growth in both alloys was preceded by a reduction in the
dislocation density to about one-half of the value measured after HPT
and the arrangement of the remaining dislocations into LAGBs as
revealed by the decrease of the dislocation arrangement parameter
(M) and the increase of the LAGB fraction (see Figs. 4 and 8). When
grain growth began, the fraction of LAGBs started to decrease with a
concomitant reduction of the dislocation density to practically a zero
value. These observations suggest that, in addition to recovery pro-
cesses, recrystallization also occurred in the temperature ranges of
680–830 K and 875–1000 K for the Low- and High-Mo alloys, respec-
tively. The higher thermal stability of the High-Mo material against
recrystallization can be explained by the segregation of Mo solute atoms
in the grain boundaries which yields both kinetic and thermodynamic
retardation of the grain growth, as discussed in the previous para-
graphs. In the Low-Mo alloy annealed up to the end of the exothermic
peak at ~830 K, the majority of HAGBs are straight which suggests

complete recrystallization. At the same time, for the High-Mo alloy the
grain size is much smaller and many curved grain boundaries were
detected in the EBSD images, suggesting that only partial recrystalliza-
tion occurred in this material. Thus, at the heating rate of 40 K/min full
recrystallization can be achieved only at temperatures higher than
1000 K which is above the upper temperature limit of the present DSC
facility.

The changes in the microstructures of the HPT-processed Low- and
High-Mo alloys during annealing are also reflected in the KAM maps
shown in Figs. 9 and 10, respectively. These maps were made on the
same areas as those shown in the IPF images of Figs. 5 and 7 with the
HAGBs indicated by black lines. For all HPT-processed or annealed
samples, more than 95% of the pixels inside the grains have local
misorientations smaller than 5°. Therefore, the KAM maps were
prepared for the misorientation angle range between 0 and 5°. The
color codes for the different misorientation angles are shown in the
inset of Fig. 9a. The pixels with local misorientations larger than 5°
received the same red color as the pixels with the misorientation of 5°.
The KAM maps are indicative of local strains in the studied micro-
structures. Fig. 9a reveals an inhomogeneous spatial distribution of
distortion inside the grains for the Low-Mo alloy processed by HPT. It is
noted that, although in some regions low KAM values were observed as
indicated by blue color, they may contain high dislocation densities as
the statistically stored dislocations are not arranged into LAGBs and
therefore they do not cause local misorientations in the KAM maps.
Indeed, XLPA indicated a high dislocation density (~27 × 1014 m−2)
in the HPT-processed Low-Mo alloy. Until the grain size remained
practically unchanged (up to ~680 K), large local misorientation angle
values were detected in the KAM maps (see Fig. 9b). At the same time,
between ~680 K and ~830 K the large exothermic signal and the
extensive grain growth were accompanied by a strong reduction of the
KAM values inside the grains. Considerable local misorientations may
be observed only in the vicinity of some grain boundaries. These HAGBs
are assumed to be incoherent or semicoherent boundaries with
significant lattice distortions. However, the majority of HAGBs are
straight without considerable KAM values in the neighboring areas.
These boundaries are assumed to be coherent HAGBs formed during
recrystallization.

Fig. 10a reveals significant misorientations within the grains for the
HPT-processed High-Mo alloy. High KAM values were also observed in
the samples annealed up to the beginning (~630 K) and the end
(~875 K) of the first large exothermic DSC peak, as shown in
Figs. 10b and c, respectively. This observation suggests that consider-
able recrystallization does not occur in the High-Mo alloy between
~630 and ~875 K even if the average grain size increased from
~130 nm to ~225 nm. Therefore, the first large exothermic peak is
related mainly to the recovery of the microstructure which is accom-
panied by moderate grain growth. During the second large DSC peak

Fig. 5. IPF maps showing the grain structure for the Low-Mo alloy after (a) HPT, (b) subsequent annealing at ~680 K and (c) ~830 K. The color code for the maps is shown in the inset in
(a). The HAGBs are indicated by black lines. (For interpretation of the references to color in this figure legend, the reader is referred to the web version of this article.)

Fig. 6. The average grain size determined by EBSD as function of annealing temperature
for the HPT-processed Low- and High-Mo alloys. The corresponding DSC thermograms
are also shown in the figure.
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the misorientations inside the grains were strongly reduced and
considerable KAM values are only observed in the vicinity of HAGBs.
In addition, there are many grain boundaries which are straight and
free of significant KAM values. It is assumed that these HAGBs are
formed by recrystallization. The fraction of the distortion-free grain
boundaries among HAGBs is lower for the High-Mo alloy than for the
Low-Mo sample (compare Figs. 9c and 10d) which suggests that
recrystallization in the High-Mo material was not complete up to
1000 K. This observation is supported by the moderate grain growth
to ~305 nm. Therefore, it is concluded that the increase of Mo content
in Ni has a stronger retardation effect on the recrystallization than on
the recovery. The latter process started at about 400 K for both alloys

while the onset temperature of recrystallization was shifted from ~680
to ~875 K when the Mo concentration increased from ~0.28 to
~5.04 at.%. This difference is explained by the segregation of Mo
atoms at HAGBs which hinders grain growth during recrystallization.

The more pronounced separation of recovery and recrystallization
for the High-Mo alloy led to two large DSC peaks between ~630 and
~1000 K (see Fig. 2). It should be noted that the separation of the
recovery and recrystallization (or grain-growth) processes into two DSC
peaks was also observed for severely deformed Al-based solid solutions
either in powder or bulk form [23,24]. In addition, two exothermic
peaks were detected for UFG Cu consolidated from a coarse-grained
powder using the HPT technique [40]. In this case, contamination on
the powder surface may be segregated at the grain boundaries in the
sintered UFG sample which hinders grain boundary motion during
recrystallization and grain growth.

5. Summary and Conclusions

1. The influence of Mo alloying on the evolution of microstructure
during annealing of UFG Ni was studied. UFG microstructures with
high dislocation density were achieved by the consecutive applica-
tion of cryorolling and HPT at RT for 20 turns. The grain sizes for the
alloys with low (~0.28 at.%) and high (~5.04 at.%) Mo concentra-
tions were ~184 and ~130 nm, respectively, at the peripheral
regions of the HPT disks. The dislocation density for the higher Mo
content was more than two times larger (~59 × 1014 m−2) than for
the lower Mo concentration (~27 × 1014 m−2). Recovery and
recrystallization processes in the two UFG Ni alloys were investi-
gated by DSC in the temperature range between 300 and 1000 K.

2. For both the Low- and High-Mo alloys, the recovery of the
microstructure started at about 400 K as revealed by the moderate
exothermic DSC signal and the decrease of the dislocation density.

Fig. 7. IPF maps showing the grain structure for the High-Mo alloy after (a) HPT, (b) subsequent annealing at ~630 K, (c) ~875 K and (d) ~1000 K. The color code for the maps is shown
in the inset in Fig. 5a. The HAGBs are indicated by black lines. (For interpretation of the references to color in this figure legend, the reader is referred to the web version of this article.)

Fig. 8. The LAGB fraction determined by EBSD as function of annealing temperature for
the HPT-processed Low- and High-Mo alloys. The corresponding DSC thermograms are
also shown in the figure.
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The negligible effect of the higher Mo content on the onset
temperature of recovery is explained by the compensation of the
higher thermodynamic driving force for recovery due to the higher
defect (e.g., dislocation) density by the stronger kinetic retardation
of the lattice defect annihilation due to the higher Mo concentration.
When only recovery occured in both alloys (between ~400 and
~600 K), the relative change of the dislocation density was
practically the same. An accelerated reduction of the dislocation
density was observed when recrystallization started.

3. During recovery, the decrease of the dislocation density is accom-
panied by an increase in the fraction of LAGBs since the remaining
dislocations are arranged into low-energy configurations, such as
LAGBs. This is also reflected in the decrease of the dislocation

arrangement parameter determined by XLPA. The temperature
range of the recovery is much larger for the High-Mo alloy
(~515 K) than for the Low-Mo sample (~280 K).

4. According to the DSC thermograms and the microstructure investi-
gations, the recrystallization in the Low- and High-Mo alloys starts
at about 680 and 875 K, respectively. The much higher onset
temperature of recrystallization for the High-Mo alloy is due to
the segregation of solute Mo atoms at the grain boundaries which
may reduce the grain boundary energy and additionally hinders the
motion of the grain boundaries. It appears that Mo alloying has a
more pronounced effect on recrystallization than on the recovery
processes.

5. The strong influence of the solute Mo atoms on recrystallization was

Fig. 9. KAM images showing the local misorientations between 0 and 5° for the Low-Mo alloy after (a) HPT, (b) subsequent annealing at ~680 K and (c) ~830 K. The color code for the
maps is shown in the inset in (a).The HAGBs are indicated by black lines. (For interpretation of the references to color in this figure legend, the reader is referred to the web version of this
article.)

Fig. 10. KAM images showing the local misorientations between 0 and 5° for the High-Mo alloy after (a) HPT, (b) subsequent annealing at ~630 K, (c) ~875 K and (d) ~1000 K. The
color code for the maps is shown in the inset in Fig. 9a. The HAGBs are indicated by black lines. (For interpretation of the references to color in this figure legend, the reader is referred to
the web version of this article.)
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also reflected in the DSC thermograms. For the Low-Mo alloy, the
heat released due to recovery cannot be separated from the
exothermic signal caused by recrystallization. At the same time,
for the High-Mo material a separate DSC peak was detected during
recrystallization although this peak strongly overlapped with the
exothermic peak for recovery. The KAM maps revealed that at the
highest temperature of annealing (~1000 K) the Low-Mo alloy
contains a higher fraction of straight and distortion-free HAGBs
than the High-Mo material. In addition, the grain size in the latter
sample was much smaller (~305 nm) than in the Low-Mo sample
(~874 nm) after annealing at ~1000 K. Therefore, it is concluded
that the higher Mo content significantly increases the stability of the
SPD-processed UFG microstructure in Ni.
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