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a b s t r a c t

High purity electrolytic nickel (99.99%) samples deformed dynamically in compression using a direct
impact Hopkison pressure bar test at the velocities of 10.9, 28.2 and 70.6 m s−1 were investigated. The
dislocation density increased with increasing the impact velocity up to 28.2 m s−1 resulting in an increase
of nanohardness and quasi-static compressive flow stress. At the same time, a decrease of the fraction
eywords:
ickel
ynamic strain

mpact

of �3 coincident site lattice boundaries was observed for the benefit of �1 low angle grain boundaries
having misorientations lower than 15◦. Increasing the velocity to 70.6 m s−1 led to a decrease of the
dislocation density, in parallel with the regeneration of �3 boundaries. As a consequence, the nanohard-
ness decreased to a similar value as in the initial state. These observations suggest possible dynamic
recovery/recrystallization that might have occurred at the highest impact velocity.

© 2010 Elsevier B.V. All rights reserved.
icrostructure
ecrystallization

. Introduction

For tailoring materials with enhanced properties, the “grain
oundary engineering” concept, i.e. a manipulation of grain bound-
ry structure via thermomechanical processes has been first stated
y Watanabe [1] and a detailed overview has been provided by Ran-
le [2]. In general, samples having higher fractions of structurally
rdered “special” coincidence site lattice (CSL) boundaries exhibit
mproved properties. For instance, enhanced intergranular corro-
ion resistance due to the increase in the fractions of low � CSL
ype grain boundaries (� ≤ 29) has been reported by Kim et al. [3]
nd Lin et al. [4].

As for the mechanical properties, it was found that the ductility
f fine-grained materials, that is usually lower compared with their
oarse-grained counterparts [5], can be improved by the increase
f the fraction of high angle grain boundaries [6]. In the context of
nhancing mechanical properties by boundary engineering, elec-
rodeposition was successfully used to process nanostructured Cu
7,8] and Ni [9] with a large fraction of �3 coherent twin boundaries

hat were believed to result in high strength and good ductility dur-
ng quasi-static tensile tests. Indeed, in the absence of nanotwins,
he reported high mechanical performances were dramatically
educed [10–12].

∗ Corresponding author. Tel.: +33 1 49 40 39 38.
E-mail address: dirras@univ-paris13.fr (G. Dirras).

921-5093/$ – see front matter © 2010 Elsevier B.V. All rights reserved.
oi:10.1016/j.msea.2010.03.045
In fine-grained metallic materials having a mean grain size
higher than several hundred of nanometers, the movement of
dislocations controls the plastic deformation. It has been shown
recently, that during quasi-static compression of ultrafine-grained
Ni processed by powder metallurgy routes, the activity of disloca-
tions destroyed, at least partially the �3 boundaries existing in the
as-processed material and led to a macroscopic softening [13,14].
This effect was particularly noticeable when large amplitude cyclic
simple shear was applied on these sintered Ni materials [14]. These
experimental observations suggest that beside the as-processed
microstructure, the deformation conditions have also a significant
effect on the mechanical performance of advanced engineering
materials, therefore the influence of deformation mode, temper-
ature and strain rate on the deformation mechanisms should also
be studied.

The deformation mechanisms underlying the macroscopic
mechanical behavior under quasi-static plasticity of conventional
metallic materials such as Ni are well understood [15]. Nickel is
one of the structural materials investigated and used in a wide
range of applications, from nanodevices such as MEMS [12,16]
to military applications (antiarmor systems). In the latter case,
the material experiences high strain rate deformation, that could

modify the as-processed microstructure by means of thermome-
chanical processes mostly due to the increase of temperature.
Particularly dynamic recrystallization was reported to occur during
extreme deformations in microstructure refinement procedures
[17].

http://www.sciencedirect.com/science/journal/09215093
http://www.elsevier.com/locate/msea
mailto:dirras@univ-paris13.fr
dx.doi.org/10.1016/j.msea.2010.03.045
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Table 1
Chemical composition (in percent) of the as-received Ni material.
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Ni Co Cu Zn Fe P C S Pb

Balance 0.0003 0.0010 0.0005 0.0030 0.0002 0.0050 0.0005 0.0001

In the present study, high purity electrolytic Ni samples con-
aining a large fraction of �3 boundaries in the as-processed state
ere submitted to high strain rate impact tests. The changes in the
icrostructure at different impact velocities and their influence on

he subsequent mechanical behavior are investigated.

. Experimental procedures

The chemical composition of the high purity (99.99%) elec-
rolytic nickel material is given in Table 1. From the as-received
quare plates, cylinders of about 9.0 mm in diameter and 5.0 mm
n height were prepared and subsequently dynamically deformed
n compression using a direct Hopkinson pressure bar test [18].
he test consists in impacting at a constant velocity with a striker
specimen placed against a Hopkinson pressure bar. Tests were

onducted at three impact velocities of 10.9, 28.2 and 70.6 m s−1.
he generated strain rates were in the regime of 103–104 s−1. The
imensions of the samples before and after the impact tests and
he calculated imposed strain values are summarized in Table 2.

For texture analysis and microstructure investigations, speci-
ens were cut out from the impacted and the initial samples and

ubsequently electropolished in an A2 electrolytic solution at room
emperature and a fixed voltage of 7 V for 15 s, using a Tenupol®

lectropolishing apparatus from Struers.
X-ray diffraction experiments (XRD) for texture analysis were

arried out on the impacted and the opposite faces of the sam-
les, but both measurements gave the same result. To describe the
esults, a direct macroscopic reference system (ND, RD, and TD)
as been attached on the analyzed faces (where ND is the normal
irection, taken parallel to the impact direction, RD and TD are
he rolling (longitudinal) and transverse directions, respectively,
ying in the impacted surface). Texture data were collected using an
nelTM four-circles goniometer in Bragg–Brentano geometry with a
oint focus X-ray source having CoK� radiation (� = 0.17902 nm).
he measurement consisted first of the determination of the Bragg
ngles for the {1 1 1}, {2 0 0}, {2 2 0} reflections and then the acqui-
ition of the corresponding pole figures. After corrections of the
xperimental pole figures (background, defocusing and normaliza-
ion), the determination of the orientation distribution functions
ODF) was performed using Labotex® software [19].

X-ray line profile analysis was also conducted to investigate the
icrostructure of the samples in the initial state and after process-

ng by the impact tests and after room temperature quasi-static
ompression of the initial and the impacted samples. The surface
ormal to the impact and quasi-static compression directions was

tudied for all materials. The X-ray line profiles were measured
y high-resolution rotating anode diffractometer (Nonius, FR 591)
sing CuK�1 radiation (� = 0.15406 nm). Two-dimensional imaging
lates detected the Debye–Scherrer diffraction rings. The line pro-

able 2
amples characteristics before and after the impact test. Vi is the impact velocity,
0 is the initial diameter, Df is the diameter after the impact, H0 is the initial height,
f is the final height, εaxial is the axial deformation in the impact direction defined
s ε = Ln(Hf /H0).

Vi (m s−1) D0 (mm) H0 (mm) Df (mm) Hf (mm) εaxial

10.9 9.0 5.0 9.86 4.34 0.141
28.2 9.0 5.0 12.89 2.48 0.701
70.6 9.0 5.0 19.5 0.53 2.244
ineering A 527 (2010) 4128–4135 4129

files were determined as the intensity distribution perpendicular
to the rings obtained by integrating the two-dimensional inten-
sity distribution along the rings. The line profiles were evaluated
by the extended convolutional multiple whole profile (eCMWP)
analysis [20,21]. In this method, the experimental pattern is fitted
by the convolution of the instrumental pattern and the theoret-
ical size and strain line profiles. The theoretical profile functions
used in this fitting procedure are calculated on the basis of a
model of the microstructure, where the crystallites have spherical
shape and log-normal size distribution, and the lattice strains are
assumed to be caused by dislocations and twins. The mean crystal-
lite size, the dislocation density (�dis) and the twin fault probability
(ˇ) were obtained from the fitting. The latter quantity is defined
as the relative fraction of twin boundaries among {1 1 1} lattice
planes.

The microstructures before and after impact tests were
also investigated by electron backscattering diffraction (EBSD)
technique using a Zeiss Supra 40VP FEG scanning electron micro-
scope (SEM). The EBSD scans covered regions of approximately
150 �m × 150 �m using a step size between neighboring measure-
ment positions of 0.1 �m. The average grain size, the fraction of
low angle grain boundaries (LAGBs), high angle grain boundaries
(HAGBs) and specially �3 boundaries were extracted from the
EBSD scans by use of OIM software version 4 from TexSem Lab-
oratories (TSL). The � boundaries were identified according to the
Brandon criterion and the grain boundary fractions were expressed
as proportion of the total boundary projected length in the map.

The mechanical behavior of the initial and impacted samples
was studied by nanoindentation and by quasi-static compression
tests at room temperature. Nanohardness measurements were car-
ried out using an UMIS nanoindentation device with Berkovich
indenter and applying a maximum load of 5 mN. The indentation
rate was 0.15 mN s−1. Four hundred indentations were carried out
arranging the indents in a 20 × 20 matrix. The distance between the
neighboring indents was 20 �m. The hardness H is characterized by
a number as [22]:

H = Pm

24.5h2
m

, (1)

where Pm is the maximum load (5 mN) and hm is the maximum
penetration depth during indentation.

The quasi-static uniaxial compression tests for evaluating the
macroscopic mechanical behavior were conducted at a strain rate
of 10−4 s−1 by means of a universal Instron testing machine (model
1195). For each compression test, the strain was evaluated from
crosshead displacement corrected by the stiffness of the testing
machine.

3. Results and discussion

3.1. EBSD investigations

Figs. 1 and 2 show the grain orientation map and the �3 bound-
aries, respectively, for the initial sample and after impact test at
different velocities. The evolution of the grain structure can be
described as follows:

(i) In the initial state (Figs. 1a and 2a), the microstructure
consisted of equiaxed grains. The majority of grain bound-
aries, about 97%, are HAGBs (with misorientation across the
boundary larger than 15◦) including �3 boundaries (with mis-

orientation of about 60◦), whose fraction is about 50%. The
average grain size determined from the areas bounded by
HAGBs in the EBSD images was about 3.9 �m.

(ii) After the impact test at the velocity of 10.9 m s−1

(Figs. 1b and 2b), some grains are elongated and the ori-
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Fig. 1. EBSD images of investigated Ni samples. (a) Initial state; (b)–(d) afte
entation of most of the grains is changing as exemplified by
gradual change of the color inside a given grain. In addition,
the misorientation between grains increases as it can be seen
from the standard stereographic projection inset in Fig. 1.
These observations indicate that most probably subgrains

ig. 2. Evolution of the �3 boundary maps corresponding Fig. 1. (a) Initial state; (b)–(d) a
t compression impacts at 10.9, 28.2 and 70.6 m s−1 velocities, respectively.
are formed inside the grains during impact test that may
act as coherently scattering domains in X-ray diffraction
experiments. This point is supported by the X-ray line profile
analysis as it is discussed later. Comparing to the initial state,
the fraction of the HAGBs dropped to 88% and that of �3

fter direct compression impacts at 10.9, 28.2 and 70.6 ms−1 velocities, respectively.
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boundaries to 33%. The average grain size determined from
the area of grains bounded by HAGBs was about 4.5 �m. The
increase of the grain size compared to the initial state might
be apparent and associated with the decrease of the relative
fraction of �3 boundaries that initially divide grains into
smaller areas, as it can be seen from Fig. 2b.

iii) In the case of the sample impacted at the velocity of 28.2 m s−1

(Figs. 1c and 2c), the HAGBs fraction sharply decreased to 57%
and that of �3 boundaries to about 7%. Indeed, it seems that
within the �3 boundaries, twin boundaries (TBs) were partic-
ularly affected by the impact test as only very few of them
were observed in the EBSD scans (Fig. 2c). Accordingly, the
average grain size determined from the area of grains bounded
by HAGBs increased further to about 6 �m. In addition, Fig. 1c
indicates a development of a strong crystallographic texture
as it can be seen from the projection of the grain orientations
in the ND direction illustrated by the standard stereographic
projection inset.

iv) For the sample impacted at the highest velocity of 70.6 m s−1,
the microstructure was qualitatively similar to that of the ini-
tial state (see Figs. 1d and 2d). The HAGBs fraction increased
back to 92% including the �3 boundaries with a fraction of
about 26%, about one half of that of the initial sate, but larger
than that after the impact at the velocity of 28.2 m s−1. Visual
observation indicates that the fraction of TBs within the �3
boundaries is drastically reduced compared with the initial
state (compare with Fig. 2a). The average grain size was about
3.7 �m, close to that for the initial state. In addition, the ori-
entations within the grains are more homogeneous (compare
Fig. 1d with Figs. 1b and 1c), meaning that the grains are less
fragmented to tiny coherently diffracting domains, in accor-
dance with X-ray line profile analysis discussed below. It is
likely that dynamic recovery/recrystallization occurred here
and led to a microstructure close to that of the initial, except for
the crystallographic texture, as it will be shown later. Dynamic
recrystallization during high strain rate deformation has been
also reported in previous works [23,24]. The recrystallization
process may have been assisted by the fast heat generation
in the severe plastic deformation during impact test at a high
strain rate (about 105 s−1 for 70.6 m s−1). Actually, during high
strain rate deformation, the fraction of plastic work, Wp that
gets converted to heat in a unit volume during a supposedly
adiabatic deformation process (assuming 90% of the work of
the deformation was converted) is related to the temperature
increase as [25–27]:

T = 0.9Wp

�Cp
(2)

here � is the mass density and Cp is the specific heat at con-
tant pressure. The � and Cp values for Ni are 8908 kg m−3 and
46 J kg−1 K−1, respectively.

The mechanical behavior under dynamic loading has been dis-
ussed in earlier work [18]. These data predict temperature increase
�T) of about 15, 125 and 646 K at 10.9, 28.2 and 70.6 m s−1 impact
elocities, respectively. Therefore, for the highest impact veloc-
ty, the homologous temperature of the sample immediately after
he impact is T/Tm ≈ 0.55, where T is the temperature after the
mpact (300 K + �T = 946 K) and Tm is the melting temperature of
i (1728 K). Rittel et al. [28] reported a �T increase of about 483 K

n OFHC copper deformed over a wide range of strain rates which

orresponds to a similar homologous temperature of the sample
0.58 Tm) as at the highest impact velocity in our study. A recrystal-
ized microstructure was reported as a consequence of the straining
rocess. Therefore, such a dynamic recrystallization effect is also
xpected here. It should be noticed that, the value of �T estimated
Fig. 3. The relative frequency of the misorientation across the boundary of the initial
and impacted Ni samples.

here is larger compared to that (81 K) calculated for Cu processed by
Equal Channel Angular Pressing (ECAP) at a strain of about 1 [29], or
during severe plastic deformation of Al samples also processed by
ECAP at the speed of 18 m s−1, where the �T increase was between
30 and 70 K depending on the alloying element concentration in
Al [30], which is close to the value observed here for the lowest
velocity of 10.9 m s−1.

Fig. 3 illustrates quantitatively the evolution of the misorien-
tation across the grain boundaries for the samples studied here.
In addition to the trends described above, it is observed that the
increase of the amount of LAGBs occurs mainly at the expense
of �3 boundaries during impact tests, particularly for the sample
impacted at 28.2 m s−1. It is expected that the LAGBs were formed
by the rearrangement of dislocations produced during impact test
in order to reduce their strain energy.

3.2. X-ray line profile analysis

X-ray line profile analysis was carried out as a complement
to the EBSD investigations. The experimental procedure was
described in Section 2. As an example, the fitting in logarithmic
intensity scale for the sample processed by impact test at 10.9 m s−1

is shown in Fig. 4a. The open circles and the solid line represent
the measured data and the fitted curves, respectively. It should be
noted that for the initial sample and for the specimen impacted
at 70.6 m s−1, the intensity distribution along the Debye–Scherrer
rings is inhomogeneous and numerous sharp intensity spots are
visible as it can be seen in Fig. 4b. These sharp peaks were as
narrow as the instrumental broadening (�(2�) = 0.02◦); therefore
they were not evaluated for the microstructure. These sharp inten-
sity spots are related to reflecting grains where the grain size is
larger and the dislocation density is lower than the detection limits
of X-ray line profile analysis for the experimental setup (800 nm
and 1013 m−2, respectively).

In the cases of the initial sample and that impacted at 70.6 m s−1,
only the broader and more homogeneous parts between the large
intensity spots were evaluated by line profile analysis. As a conse-
quence, the results obtained for these two samples characterize
only a fraction of the whole microstructure. In the case of the
samples impacted at 10.9 and 28.2 m s−1, due to the small crys-
tallite size and the large dislocation density, the Debye–Scherrer
rings were relatively homogeneous therefore for these samples the

microstructural parameters characterize the whole specimens. The
mean crystallite size, the dislocation density (�dis) and the twin
fault probability (ˇ) determined by X-ray line profile analysis are
listed in Table 3.



4132 G. Dirras et al. / Materials Science and En

Fig. 4. (a) The fitting of the X-ray diffraction pattern for 10.9 m s−1; (b) diffraction
rings for the (2 0 0) reflection corresponding to the initial state (left) and after impact
a
s
a

i
t
p
o
m
a
e
f
t
d

T
M
o
b
a

t 10.9 m s−1 (middle) and at 70.6 m s−1 (right). The rings corresponding to initial
tate and after impact at 70 m s−1 exhibit clear spots, contrariwise to that obtained
fter impacting at 10 m s−1.

It can be concluded from Table 3, that the impact test resulted
n an increase of the dislocation density and a decrease of the crys-
allite size up to 28.2 m s−1. The crystallite size measured by the
resent X-ray line profile analysis is smaller than the grain size
btained by EBSD. This phenomenon is usual in severely deformed
etals [31] and it can be attributed to the fact that the crystallites

re the domains in the microstructure which scatter X-rays coher-
ntly. As the coherency of X-rays breaks even if they are scattered

rom volumes having quite small misorientations (1–2◦), the crys-
allite size corresponds rather to the subgrain size in the severely
eformed microstructures [32].

able 3
icrostructure characteristics determined from X-ray line profile analysis, in terms

f the mean crystallite size, the dislocation density (�dis) and the twin fault proba-
ility (ˇ). The latter quantity is defined as the relative fraction of twin boundaries
mong {1 1 1} lattice planes.

Sample state Crystallite
size (nm)

�dis (1014 m−2) ˇ (%)

Initial, fraction having broad
X-ray peaks

149 ± 15 1.2 ± 0.2 0.0 ± 0.1

Initial + quasi-static
compression

71 ± 8 10 ± 1 0.0 ± 0.1

V = 10.9 m s−1 113 ± 12 8 ± 1 0.0 ± 0.1
10.9 m s−1 + quasi-static

compression
90 ± 10 9 ± 1 0.0 ± 0.1

V = 28.2 m s−1 64 ± 8 13 ± 1 0.0 ± 0.1
28.2 m s−1 + quasi-static

compression
76 ± 8 15 ± 1 0.0 ± 0.1

V = 70.6 m s−1, fraction
having broad X-ray peaks

420 ± 40 1.4 ± 0.2 0.7 ± 0.1
gineering A 527 (2010) 4128–4135

The crystallite size decreased while the grain size increased
up to 28.2 m s−1 as observed by X-ray line profile analysis and
EBSD, respectively. This apparent dichotomy can be explained by
the activity of dislocations during impact test. The dislocations
formed in plastic straining on the one hand destroy the �3 bound-
aries [33,34] and on the other hand they are arranged into low
energy configurations (e.g. into LAGBs). The former effect results
in an increase of the mean grain size in EBSD experiments while
the latter one reduces the size of coherently scattering domains
(crystallites). In addition, in the EBSD analysis conducted here, the
boundary misorientations lower than 2◦ were removed from the
analysis.

At the same time, for the highest impact velocity (70.6 m s−1),
the crystallite size is larger while the dislocation density is smaller
than for lower impact velocities, which indicates a dynamic
recovery/recrystallization of the microstructure due to the fast
deformation which is most probably also assisted by the tempera-
ture increment during impact test. This is in line with the discussion
in the previous section. Indeed, the sharp intensity spots in the
Debye–Scherrer rings are related to recrystallized grains while the
broader sections between them correspond to recovered volumes.
The characteristic parameters of the latter parts of the microstruc-
ture can also be found in Table 3 with the notation “fraction having
broad peaks”. Of course, as these parameters characterize only
a part of the microstructure, the mean crystallite size and the
dislocation density for the whole sample are larger and smaller,
respectively, than these values.

EBSD investigation allowed a quantitative assessment of the
fraction of HAGBs which includes �3 coincident site lattice (CSL)
boundaries comprising TBs. As it can be seen in Table 3, X-ray line
profile analysis allowed determining the twin probability, with a
lowest detection limit of about 0.1%. This value corresponds to a
twin boundary spacing of about 200 nm, therefore in the samples
where the mean spacing between the twin boundaries is higher
than this value, the line profile analysis cannot give the twin prob-
ability. Consequently, the zero value of the twin probability for the
initial sample (see Table 3) is not in contradiction with the sig-
nificant amount of TBs obtained by EBSD as the twin boundaries
studied in EBSD have spacing larger than 1 �m. However, for the
sample impacted at 70.6 m s−1, a significant value of twin probabil-
ity (0.7%) was detected by X-ray line profile analysis in the volumes
having broad diffraction peaks. This twin probability corresponds
to an average TB spacing of about 30 nm. It is noted that EBSD anal-
ysis showed a marginal density of TBs at 70.6 m s−1 but this is not in
contradiction with X-ray results as the latter method detected the
twin probability inside the crystallites while the step size used in
EBSD probably did not allow to measure twins with thickness lower
than 100 nm. Moreover, only the volumes resulting in broad X-ray
peaks could have been evaluated in the line profile analysis, while in
the recrystallized fraction having narrow peaks the twin probability
must be lower by orders of magnitude, therefore the average twin
probability for the whole sample is most probably much lower than
0.7%. In addition, the average strain rate corresponding to the high-
est impact velocity of 70.6 m s−1 is about 2 × 104 s−1 which in the
regime where thermally activated dislocation mechanisms are sub-
stituted by dislocation–drag effects [18,35]. Therefore, the expected
reduced movement of partial dislocations in {1 1 1} planes might
limit the length of twins which may be a reason why they were not
observed during EBSD investigations. This is in line with the work
of Xiao et al. [36] who have also reported profuse mechanical twin-
ning in a Cu–Zn alloy during dynamic plastic deformation at a strain

rate of about 103 s−1 where the twin thickness was in the range of
10–20 nm, well below the detection limit of the EBSD investigation
carried out here.

The viscous dislocation–drag effect mentioned above may
explain the increase of the twin probability detected by X-ray line
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ig. 5. Evolution of the crystallographic texture in terms of {1 1 1}, {2 0 0} and {2 2
fter impact at 10.9, 28.2 and 70.6 m s−1 velocities, respectively.

rofile analysis in the non-recrystallized volumes at 70.6 m s−1.
s shown in numerous studies [18,37,38], a sharp increase of

he flow stress is usually observed within the viscous regime.
ccordingly, if the local stresses exceed the critical stress required

or twin nucleation, plasticity will continue by twinning. It has
een also shown that at the highest strain rates associated with
hocks, a transition occurred from plasticity controlled by disloca-
ion or twinning defect movements to control by slip or twinning
efect generations [39]. It should be also noted that the strain
ate corresponding to the highest impact velocity applied here
70.6 m s−1) falls in the regime (1.5 × 104 s−1 to 2 × 104 s−1) where

he phonon–drag effects are supposed to play a dominant role in
islocation generation. This may result in a significant increase of
he dislocation density at very high strain rates, even for a strain
s small as ε = 0.15 as it was shown in Fig. 3 of Ref. [40]. The
ery high dislocation density developed at such a relatively small
le figures in the (RD, TD) plane (see (d)) of the Ni samples. (a) Initial state; (b)–(d)

strain value during the impact process at 70.6 m s−1 may also facili-
tate the dynamic recovery/recrystallization when the deformation
proceeds.

3.3. Crystallographic texture investigations

Fig. 5 shows the recalculated pole figures of the Ni samples as
a function of impact velocities. The results are quantitatively sum-
marized in Table 4, including the volume fractions (VFs) of the main
textures components. The VFs were extracted from the analysis of
the orientation distribution functions (ODFs) (not shown here) as

a function of the impact velocities. VFs were calculated by an inte-
gration method using Labotex software version 3.0 from LaboSoft
s.c. The “Singlely Counts in Overlapping Area” method was used
to correct overlapping integration ranges between the different
components [19].
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Table 4
The volume fractions (VF) of major texture components extracted from the ODF
analysis as a function of the impact velocities.

Initial state V = 10.9 m s−1 V = 28.2 m s−1 V = 70.6 m s−1

〈1 1 0〉 Fiber 35.81% 30.46% 35.41% –
{1 1 0}〈1 0 0〉 Goss – 4.70% 8.23% 7.25%
{1 1 0}〈1 1 2〉 Brass – – 4.12% 3.08%
{1 2 3}〈6 3 4〉 S – 4.65% 6.71% 6.04%
{1 1 2}〈1 1 1〉 Copper – 4.80% 6.93% 7.60%
{1 1 0}〈1 1 1〉 – – – 3.27%
{1 0 0}〈0 1 1〉 D-Cube – – – 4.10%
{1 0 0}〈0 0 1〉 Cube – – – 3.19%
{1 1 0}〈2 3 3〉 P – – – 4.34%
Rest of orientations 64.19% 55.38% 38.61% 61.14%
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Fig. 6. (a) Nanohardness distribution as function of the impact velocity for the dif-
Fs were calculated by the integration method using Labotex sofware version
.0 from LaboSoft s.c. The “Singlely Counts in Overlapping Area” method was
sed to correct overlapping integration ranges between different components
http://www.labosoft.com.pl].

The analysis highlights huge differences between the initial and
he impacted states in terms of the major texture components:

(i) For the initial state (Fig. 5a) a 〈1 1 0〉 fiber texture type (〈1 1 0〉
crystallographic direction is normal to the impacted surface
while there is a crystallographic isotropy in this plane) was
found.

(ii) After the impact at 10.9 m s−1 (Fig. 5b), the VF value of the
〈1 1 0〉 fiber component decreased while FCC cold rolled-type
texture components (so-called Goss {1 1 0} 〈0 0 1〉, Brass {1 1 0}
〈1 1̄ 2〉, Copper {1 1 0} 〈1 1̄ 1〉, and S {1 2 3} 〈6 3 4̄〉) were devel-
oped.

iii) For the sample impacted at the velocity of 28.2 m s−1 (Fig. 5c),
VF values of all these new components increased. In addition,
the VF value of the fiber component was similar to that of the
undeformed initial state.

iv) For the sample processed with the highest impact velocity of
70.6 m s−1 (Fig. 5d), the 〈1 1 0〉 fiber texture component disap-
peared, and beside the minor texture components appeared
at 28.2 m s−1, new components are detected that usually
develop during recrystallization processes. These are the
Cube {1 0 0}〈0 0 1〉, deviated Cube D-Cube {1 0 0}〈0 1 1〉 and P
{1 1 0}〈2 3 3〉. The texture analysis strongly supports the idea
of a recrystallization process occurring for Ni samples in the
course of straining at the highest impact velocity.

.4. Nanohardness investigations

Nanoindentation tests were carried out to make sure of the
ccurrence of recovery/recrystallization during impact test at the
ighest velocity. The resulting nanohardness distributions for the

nitial specimen and those processed by impact test at different
elocities are shown in Fig. 6a.

The mean nanohardness of the initial sample is 2.7 GPa which
ncreases to 3.7 and 5.1 GPa due to impact tests at velocities of 10.9
nd 28.2 m s−1, respectively, which can be attributed to an increase
f the dislocation density. After the impact test at 70.6 m s−1 the
ean nanohardness decreased to the same value (2.7 GPa) as in

he initial case. This can be explained only by the occurrence of
ecovery/recrystallization during impact test as discussed above
see Section 3.2).

As already reported elsewhere, it should be noted that:
(i) The hardness calculated by Eq. (1) is generally different
from the value obtained from the indent size determined by
microscopy methods owing to the distortion of the shape of
residual indentation pattern after removing the tip from the
surface of probe material [41].
ferent impacted Ni samples. The nanohardness distribution for the initial state is
also shown. (b) Stress–strain plots obtained by quasi-static compression tests at
room temperature for the initial and impacted Ni samples. ND or TD refers to a
compression axis parallel or perpendicular to the impact direction.

(ii) Generally, the hardness measurement results in an additional
8% plastic deformation [42], i.e. the hardness measured at
relatively high load (2 N ≤ Pmax) is related to the flow stress
corresponds to 8% strain.

(iii) Nanohardness value cannot be used directly for the determi-
nation of the flow stress because of the so-called indentation
size effect. This means that the hardness of a material increases
with the decrease of indentation size and the flow stress can
be determined only from the macrohardness value.

3.5. Quasi-static compression tests at room temperature

Fig. 6b shows the true stress–true plastic strain plots for the
initial sample and the specimens impacted at 10.9 and 28.2 m s−1

obtained in quasi-static compression tests at room temperature
and at a strain rate of 10−4 s−1. Due to the very small height of
the sample processed at 70.6 m s−1, that sample was not studied
by compression. The following observations can be made from the
compression tests:

(i) The initial sample showed a classical behavior with a posi-
tive strain-hardening rate due to dislocations–dislocation and
dislocation–boundary interactions. As shown in Table 3, after
compression test the dislocation density and the crystallite
size are much higher and lower, respectively, than the values

characteristic for the undeformed initial sample.

(ii) For the sample impacted at the velocity of 10.9 m s−1, the
stress–strain behavior depends slightly on the direction of the
stress in quasi-static compression test. The sample subjected
to a compressive stress parallel to the impact direction (ND

http://www.labosoft.com.pl/
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sample) exhibits slightly higher yield strength than the sample
with the compression axis perpendicular to the impact direc-
tion (TD sample). Similar phenomenon was also reported by
Abdul-Latif et al. [43] in the case of pure Al crushed at a veloc-
ity of about 10 m s−1. This behavior can be explained by the
〈1 1 0〉 texture in the impact direction (see Section 3.3), as the
Taylor factor in this direction is higher than for the random
crystallographic orientation by about 20% [44]. The harden-
ing rate of sample ND was much lower than that of the initial
sample. This observation is in line with the results obtained by
X-ray line profile analysis on the ND sample (see Table 3), as
the decrease of the crystallite size as well as the increase of the
dislocation density are very remote during compression test.

iii) Because of the thickness reduction, the sample impacted
at 28.2 m s−1 was tested only in the TD direction. The
stress–strain curve exhibits a softening (a negative strain
hardening rate) that is observed just after the maximum com-
pression stress was reached. Both the yield strength and the
flow stress are far higher than for all the other cases studied
here. This observation is in line with the highest measured dis-
location density in the sample impacted at 28.2 m s−1 among
the specimens investigated in this study (see Table 3). The
microstructure might be already saturated with dislocations,
therefore it is presumed that the softening is caused by an early
strain localization due to the high flow stress. It is also noted
that if microcracks formed during high-speed impact test, they
may also contribute to softening.

. Conclusions

High purity nickel samples deformed dynamically in compres-
ion using a direct impact Hopkinson pressure bar at impact
elocities of 10.9, 28.2 and 70.6 m s−1 have been investigated. A
omplete microstructure characterization has been undertaken
ombining EBSD, crystallographic texture measurement and X-ray
ine profile analysis. The local and the macroscopic mechanical
ehaviors were studied by nanoindentation and quasi-static com-
ression test at room temperature, respectively. It was observed
hat:

(i) Up to a velocity of 28.2 m s−1, the dislocation density in the
impacted samples increased which was accompanied by the
reduction of the fraction of �3 CSL type boundaries from 50
to 7% indicating that the main deformation mechanism was
the motion of dislocation. The increase of the dislocation den-
sity yielded an increase of both nanohardness and compressive
flow stress. The decrease of the amount of �3 CSL type bound-
aries, that initially divide grains into smaller areas, caused an
apparent increase of the mean grain size measured by EBSD.

ii) For the velocity of 70.6 m s−1, it was observed that the
microstructure resembled to that of the initial state in all
characteristics, except for the crystallographic texture. EBSD

investigations showed that the fraction of �3 CSL type bound-
aries increased back to 26%. It was also found that the
dislocation density was similar as the value measured before
the impact test which was about one order of magnitude
smaller than the value obtained after impact at 28.2 m s−1. The

[

[
[
[
[
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nanohardness was also the same as in the initial state. These
features were ascribed to dynamic recovery/recrystallization
processes taking place during the impact test most probably
due to the increase of the homologous temperature to about
0.55. This conclusion was supported by crystallographic tex-
ture analysis showing the formation of recrystallization texture
components such as Cube {1 0 0}〈0 0 , deviated Cube D-Cube
{1 0 0}〈0 1 1〉 and P {1 1 0}〈2 3 3〉.
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